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CRYSTALLIZATION AND THERMAL PROPERTIES

Luca FamBRrI AND CLAUDIO MIGLIARESI

9.1 INTRODUCTION

Poly(lactic acid) (PLA)-based products have been largely
considered for both biomedical and environment-friendly
applications [1-9]. Processing conditions and final properties
of PLAs are strongly determined/influenced by the crystal-
line or amorphous structure of the polymer [10-12].

Starting from the early work of Kulkarni et al. [13, 14] in
1966 and 1971, many papers addressed the evaluation of
thermal properties and crystallinity of PLA or polylactide-
based polymers.

The chiral nature of lactic acid results in distinct forms of
polylactide, namely, poly(L-lactide) (PLLA), poly(p-lactide)
(PDLA), and poly(pL-lactide) (PDLLA), which are synthe-
sized from the L-, b~, and pL-lactic acid monomers, respec-
tively, or from the corresponding L,L-lactide, b,p-lactide, and
pL-lactide, respectively [15].

Both L- and p-lactic acid stereoisomers are naturally
occurring; however, most of the lactic acid in nature is L-type
or sometimes racemic. The fact that lactic acid that is
produced in the human body is in the L-enantiomeric form
and the interest in the biomedical applications of this polymer
have led both research and production to concentrate on
L-lactide or pr-lactide polymers [16-18]. The p-isomer does
not have many applications, except for use in particular
medicinal chemicals.

Today petrochemical-based production gives a 50/50
mixture of the L- and p-forms, whereas from fermentation
mostly L-lactic acid is obtained. Recently, new research has
been reported on the production of p-lactic acid from rice
fermentation [19].

PLLA and PDLA are crystalline polymers due to the
enantiomeric purity of the pristine monomers and the

stereoregularity of the polymer chain. Conversely, PDLLA,
which is an equimolar relatively random copolymer of L- and
p-lactic acid (or L~ and p-lactide), is fully amorphous because
of its irregular structure. The stereochemical configuration
of PLLA (or PDLA) and PDLLA is analogous to that of
isotactic polypropylene and atactic polypropylene. Syndio-
tactic PLA that can be polymerized from a stereoselective
polymerization of meso-lactide can be considered as an
alternating pL-lactic acid copolymer, analogous to syndio-
tactic polypropylene [20].

Worth noting is the fact that in the early work of Kulkarni
et al. [14] the glass transition peak of PDLLA at about 60°C
was misinterpreted and attributed to melting. Pure PLLA and
PDLA have the same properties, that is, a glass transition
temperature (T,) between 50 and 70°C, a melting temperature
(T, between 170 and 190°C, and a crystallinity of around
35%1(1,2,7,8,21-28]. Inthe case of syndiotactic polylactide,
due to the different stereotactic configuration, lower glass
transition temperature and melting temperature were found to
be 34 and 155°C, respectively [20]. Crystallization, crystal-
linity degree, and thermal properties of PLLA depend on the
polymer molecular weight, polymerization conditions, ther-
mal history, purity, and so on. As reported by Ikada et al. [25],
blending of PLLA and PDLA results in the formation of
a stereocomplex with a crystalline structure different from
that of each homopolymer and melting temperatures that
reach 230°C [25]. Contradictory data are reported about
PLLA melting enthalpy, ranging in the literature from 40 to
203 1/g. The most common values adopted for the melting
enthalpy of PLLA are 93.6 J/g, asreported by Fisheretal. [21],
or 140J/g, as evaluated by Loomis et al. [29].

Many authors have studied the crystalline structure
of PLLA [30-45]. PLLA crystals present three different
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structural conformations that can develop under different
processing or treatment conditions [42]. In particular, melt or
cold crystallization and solution spinning processes at low
drawing temperatures and/or low hot draw ratios induce the
formation of a-structures characterized by a left-handed 104
helix that packs in an orthorhombic unit cell with parameters
a=1.06nm, b =1.737 nm, and ¢ = 2.88 nm [46]. Stretching,
solution spinning, or high hot draw ratios induce the forma-
tion of P-crystal structures, a unit cell with a=1.031 nm,
b=1.821nm, and ¢=0.900 nm, and a chain conformation
with left-handed 3, helices [47]. More recently, an additional
crystalline form named y that develops under epitaxial
crystallization has been reported [48].

9.2 CRYSTALLINITY AND CRYSTALLIZATION

Figure 9.1 shows a typical differential scanning calorimetry
(DSC) analysis of thermal behavior of two amorphous PLAs,
that is, a PDLLA (M,, =70kDa) sample that is intrinsically
amorphous and PLLA (M,, =200kDa) that was quenched to
the amorphous state by fast cooling at —100°C/min after
melting. In both cases, the T, is evident and is located at about
65°C.

Above Ty, PDLLA exhibits an aging peak in the interval
65-90°C with an enthalpy of 8J/g, typical of amorphous
polymer aging. The longer the aging time and/or the closer
the aging temperature to the 7}, the more intense is that peak.
PDLLA can reach an enthalpy value of about 10 J/g, as shown
by Celli’and Scandola [28]. On the other hand, the initial
amorphous PLLA presents a broad crystallization peak in the
range 100-160°C centered at about 132°C with AH, =38/
g, followed by melting at 182°C with AH,,=381J/g. As
determined by the equal values of the crystallization and
melting enthalpies, the fast quenching produced a fully
amorphous material. The variation of specific heat (AC,) at
T, was 0.501/(g K).
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FIGURE 9.1 Differential scanning calorimetry thermograms of
amorphous PLLA and PDLLA (heating rate 10°C/min).
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FIGUREY9.2 DSC thermal cycles of PLLLA 200 kDa (first heating,
cooling, and second heating at +:10°C/min).

Figure 9.2 refers to a commercial PLLA (L.210 from
Boehringer, Ingelheim, Germany) with a molecular weight
of 200kDa, subjected to the following three DSC runs at
10°C/min: (i) heating from 0 to 220°C, (ii) cooling from 220
to 0°C, and finally (iii) heating from 0 to 220°C. The initially
crystalline polymer presented a T, at 73°C and melted at
192°C. During cooling, apparently no crystallization devel-
oped and the following thermal run on the initially amor-
phous materials showed glass transition (at T,=64°C),
crystallization (at T, = 127°C), and melting (at T,, = 181°C).
Worth noting between the curves of Figures 9.1 and 9.2 is the
difference in the crystallization temperature, which was
lower for the slowly cooled polymer, probably due to the
formation of crystallization nuclei during cooling.

Table 9.1 lists Ty, Ty, T, AH,., and AH,, of various
molecular weight PLLA samples, namely, 2, 30, and
200kDa, respectively, subjected to the same DSC cycles
presented in Figure 9.2.

The crystallinity content (X) has been evaluated from the
DSC data according to the following equation:

X% = 100(AHy—AH,)/AH®, (9.1)

where AH,,, and AH, are the melting and the crystallization
enthalpies, respectively, and AHC is the reference AH,,
(93.6J/g) for PLLA crystals having an infinite size [21].
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TABLE 9.1 Glass Transition Temperature (7,;) and Change of Specific Heat at T, (AC,), Melting Peak Temperature
(T,) and Enthalpy (AH,,), and Crystallization Peak Temperature (T.) and Enthalpy (AH,) for Different Molecular
Weight of PLLA Samples During a DSC Cycle of Heating—Cooling—Heating Between 0 and 220°C at £10°C/min

(1) First Heating

My, (kDa) T, (°C) AC, J/(gK)) Ty CC) AH, (/g) X (%)
2 58 0.17 147 48 51
30 79 0.06 171 68 73
200 73 0.22 192 67 72
(ii) Cooling

My (kDa) T. (°C) AH, (J/g) T, O AC, J(gK))
2 = = 39 0.56

30 96 21 50 0.32

200 - - 55 0.50

(iii) Second Heating

My (kDa) T, (°C) AC, J/(gK)) T. O AH; (J/g) T (°C) AH, J/g) X (%)
2 43 0.54 107 9 142 9 0
30 55 0.32 97 21 174 50 31
200 64 0.51 127 25 181 26 1

Due to the favorable crystallization conditions during the
polymerization process, all the products in the first scan
display a high crystallinity between 50% and 73%, depend-
ing on their molecular weight, and melting temperature that
is proportional to the molecular weight according to the
classical Flory equation

1/Ty = 1/T, —2RMy/ AHyuM, (9.2)

where Ty, is the melting temperature, T, is the melting
temperature at infinite molecular weight, R is the gas con-
stant, AH,,, is the heat of fusion per mole of the repeating
unit, My the molecular weight of the repeating unit, and M, is
the number-average molecular weight.

The Flory—Fox equation

T, =T,—K/M, (9.3)

can also be used to predict the T, of polymers as a function of
the molecular weight, T; being the T, at infinite M,,.

While the first heating T, values are higher than expected
due to high crystallinity content (crystalline domains hinder
the mobility of amorphous chains), as also confirmed from
the low value of AC, at T,, T, measured during cooling
proportionally depend on molecular weight, in accordance
with Equation 9.3.

It is also interesting to note that during cooling PLLA
(30kDa) developed some crystallinity, whereas in the other
cases crystallization was inhibited by the high content of

terminal groups that acted as defects in PLLA (2 kDa) and by
the low mobility of the long PLLA (200kDa) chains.

During the second heating, all the polymers evidenced
glass transition, crystallization, and melting. T, and Ty,
directly depend on molecular weight. The different 7, values
measured during cooling and the following heating cycles of
the amorphous PLLAs, that is, 39 versus 43°C for the 2kDa
PLLA and 55 versus 64°C for the 200 kDa PLLA, are due to
a kinetic effect that depends on the molecular weight of the
polymer. The lower T, of PLLA (30 kDa) is attributable to its
crystallinity before the second heating cycle that acted as
anucleating agent and promoted further crystallization, up to
53%, as determined from the melting enthalpy. In the case
of PLLA (2kDa) and PLLA (200kDa), the lower AH, and
crystallinity of about 10% and 28%, respectively, once again
directly depend on the effect of short and long polymer
chains.

As a function of molecular weight, however, the same or
different thermal treatments can produce different results, as
clearly shown by Migliaresi et al. {27, 32] and summarized in
Figure 9.3. The crystallinity of the polymers shown in
Figure 9.3 increases with annealing time and with decreasing
viscometric molecular weight (M,). Almost slowly and
progressively increasing constant values were reached faster
by the lower molecular weight PLLAs. This increase, as
discussed later in the chapter, could be attributed not only to
kinetic effects but also to thermal degradation of M, during
annealing. This effect has not often been considered in the
literature.
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FIGURE 9.3 Effect of annealing time on crystallinity of com-
pression molded PLLA at 160°C (adapted from Ref. 32).

Migliaresi et al. [27] showed that low molecular weight
PLLA (M,=18kDa) was able to crystallize regaining
almost 65%, 79%, and 87% of its initial crystallinity, during
cooling after full melting at —5, —1, and —0.5°C/min,
attaining crystallinity contents of 38.5%, 46.8%, and
51.3%, respectively. Higher M, PLLA (156 and 425kDa)
developed only a little crystallinity when cooled at —5°C/
min. As pointed, mobility, and hence crystallization ability, is
determined, at any given molecular weight, by the temper-
ature of the system. Their data confirmed that same thermal
histories lead to materials with substantially different crys-
tallinity amounts as a function of the PLLA molecular
weight. More important perhaps, Migliaresi et al. [27] evi-
denced that any treatment always caused molecular weight
degradation, as shown in Table 9.2. This also means that, at
a given initial molecular weight, thermal cycles at different
heating or cooling rates arc representative of polymers
having actually different viscometric molecular weight M.,

The effect of molar mass on PLLA T, and T, and on
PDLLA Ty is clearly shown in Figure 9.4. T, values of both
PLLA and PDLLA show similar trend with molar mass, with
a glass transition increase up to about 20 kDa molar mass and

TABLE 9.2 Effect of Cooling Rate C on the Residual Molar
Mass of Different Viscometric Molecular Weight PLLAs,
Previously Heated at 10°C/min to 220°C

Initial M,  After Cooling After Cooling  After Cooling
(kDa) at C —100°C/min at C —20°C/min at C —5°C/min
18 15 (—17%) 14 (—22%) 11 (-39%)
31 26 (—16%) 26 (—16%) 25 (—19%)
156 113 (—28%) 111 (—29%) 75 (—52%)
425 364 (—15%) 357 (—16%) 225 (—49%)

Note: Reprinted from Ref. 27. Copyright 1991, with permission from
Elsevier.
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FIGURE 9.4 Melting temperature of PLLA (W) and glass tran-
sition temperature of PLLA (@) and PDLLA (O) polymer as
a function of molecular weight (adapted from Ref. 31 and authors’
data).

an almost threshold value thereinafter. At each M,, PLLA
displays higher T,, this being attributable to the hindering
effect exerted on the amorphous chain mobility by the
crystalline regions. Worth noting is the similar trend for
melting, with T;,, ranging from about 130 to about 180°C
as a function of M,.

The effect of the L- or p-content on the T, of PLA has been
discussed by Lim et al. [12] and Dorgan et al. [49]. The T, of
PLA is also a function of its optical purity. While the
calculated theoretical T}, values for pure PLLA are reported
tobe 215,207, and 205°C by different authors, the maximum
practical obtainable T, for pure PLLA is around 190°C [23,
35, 50].

The T, is better evidenced in dynamical mechanical
thermal analysis (DMTA) as shown in Figures 9.5 and 9.6,
where the storage modulus E’, loss modulus E”, and the
damping or loss factor tan & = E”/E’ are presented [51, 52]. In
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FIGURE9.5  Storage modulus £, loss modulus E”, and damping
tan § of PDLLA. Heating rate 2°C/min and frequency 1 Hz.
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FIGURE 9.6 Storage modulus £, loss modulus E”, and damping
tan d of PLLLA with a crystallinity of 55%. Heating rate 2°C/min and
frequency 1 Hz.

these plots, the temperatures corresponding to the tan é or E”
peaks are taken as the T, values.

Both PDLLA (Figure 9.5) and PLLA (Figure 9.6) poly-
mers exhibit a storage modulus in the glassy region of about
2 GPawith a slight difference due to the crystalline content of
PLLA (X =55%). Crystallinity is, however, responsible for
the much lower decrease of £’ and E” of PLLA after T, and
for the progressive increase of damping of PDLLA in the
temperature range 100-120°C. Again, crystallinity accounts
for the higher temperatures and width of the E” peak of
PLLA, both of them being due to the constraints exerted by
the PLLA crystalline domains on the amorphous region
mobility. Crystallinity, however, can have an important effect
on PLLA mechanical properties and can be affected by the
molecular weight. As shown by Perego et al. [39], crystal-
linity of PLLA of different viscometric molecular weights
and annealed at 105°C for 90 min increased from 3-13% to
42-65%, depending on the molecular weight. While for low
crystalline polymers, properties such as tensile strength or
impact resistance almost did not depend on M,, crystalliza-
tion induced significant differences, improving these prop-
erties markedly for higher M, polymers.

Following the approach of Diez-Gutierrez et al. [53] that
studied the effect of filler on the mechanical properties of
talc/polypropylene composites, Fambri et al. [54] analyzed
the effect of crystallinity on the storage modulus E' of PLLA
through a glass transition intensity factor defined as

S = (E'y—E")/E (9.4)

In Equation 9.4, E', and E; are the E’ values in the glassy
and rubbery states taken at about 30°C below and above the
Ty, that is, 30 and 90°C, respectively.

Values of Sppr1.a = 1173 and Sp; 1 4 = 7.5 were calculated
from data of Figures 9.5 and 9.6. A higher S value indicates
a superior mobility and/or a higher content of the amorphous

CRYSTALLINITY AND CRYSTALLIZATION 117

T T T ¥ T X T ¥ T ¥ T

100+

=
<
i
]

S (intensity of transition)

T X, L 1 z T i T r T

0 ' 10 20 30 40 50 60
Crystallinity (%)

FIGURE 9.7 Effect of crystallinity on the intensity of the tran-
sition § of compression molded samples (data from Ref. 32).

phase. With increasing crystallinity, the intensity factor
S decreases, with an almost proportional dependence on
crystallinity (see Figure 9.7) for compression molded mate-
rials (data from Ref. 32).

Since the glass transition is a kinetic transition, the
measured value depends on both heating rate and frequency.
This is clearly evidenced by comparing DMTA curves of
Figure 9.6 (at 2°C/min and 1Hz) and the multifrequency
DMTA analysis of Figure 9.8 (at 0.5°C/min and 3, 10, and
30Hz). At increasing deformation frequencies, the storage
moduli of the glassy and rubbery plateaus increase and the
apparent T is shifted to higher temperatures.

The apparent activation energy for the relaxation process
can be calculated from the following equation:

Inf = Infy—(Ea/RT) (9.5)
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FIGURE 9.8 Storage modulus £’ and damping factor tand of
PLLA samples at various frequencies: 3 Hz (continuous line), 10 Hz
(dashed line), and 30 Hz (dash-dotted line). Heating rate 0.5°C/min
(from authors’ data).
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FIGURE 9.9 Height (/) and width (¥) of damping peak of
PLLA as a function of crystallinity (data from Ref. 32).

where fis the frequency in Hz, T is the temperature of the
maximum of the loss factor, R is the ideal gas constant, and I,
is the activation energy for the relaxation process. According
to Equation 9.5, apparent £, of 553 and 620kJ/mol were
calculated for low and high molecular weight PLLA,
respectively [53].

In dynamic mechanical tests, the reduced chain mobility
due to the crystalline domains is detected by the shift of the
damping peak to highertemperatures, thatis, the increase of T,
as already stated for DSC analyses. In addition, as shown in
Figure 9.9, the DMTA evidences an increase of the elastic
component of the viscoelastic behavior of the polymer as
asignificantreduction of the damping peak (datafromRef. 32).

At the same time, the width of the tan ¢ peak increases as
an effect of the larger distribution of amorphous chain
mobility induced by the formation of a less mobile distrib-
uted interphase [55, 56].

In practical injection molding conditions, there is little
crystallization due to the high cooling rate. For this reason,
methods to induce crystallization have been studied by using
nucleating agents or plasticizers during polymer processing.
By using 1% talc, the crystallization half time can be reduced
to less than 1min [57]. Other nucleating agents such as
montmorillonite are less effective than talc [58]. Some
organic compounds have also been studied, such as calcium
lactate, N,N-ethylenebis(12-hydroxystearamide), benzoyl-
hydrazide compounds, or sodium stearate [59-62]. Addition
of 1% calcium lactate induced crystallization of a 90:101./p,
L-PLA copolymer during the injection molding cycle [59].

Kawamoto et al. [61] found that in the presence of a series
of hydrazide compounds having a variety of methylene chain
numbers, the T, and AH,, of PLLA during cooling increased
with the methylene chain number. In this study, decamethy-
lene dicarboxylic dibenzoylhydrazide was the most effective
in promoting crystal nucleation by increasing the PLLA T, and
AH, to 131°C and 461J/g, respectively. The addition of
a plasticizer decreases the T,. Common plasticizers used

for PLA are poly(ethylene glycol), triacetine, and ciltrate,
laurate, and sebacate esters [26, 62—-68]. The primary effect is
the improvement of the polymer ductility and drawability,
but also an increase of crystallization rate, as shown by
Kulinski and Piorkowska [66] for PEG added PLLA.

9.3 CRYSTALLIZATION REGIME

One of the first papers discussing the morphology and crystal
growth of PLLA as a function of thermal treatment and
molecular weight was published by Vasanthakumari and
Pennings in 1983 [30]. Following Hoffman and cowor-
kers [69, 70], the growth rate (G) of a linear polymer crystal
with chain folding can be expressed by

*

G = Gy exp[ (9.6)

. K,
R

where K, is the nucleation constant, «* is the activation
energy of chain mobility in the crystallization site, AT =
(TS — T.) is the difference between the equilibrium melting
temperature and the crystallization temperature, fis a factor
equal to 27 /(T,, + T.), R is the gas constant, 7., is the
temperature at which all the motion associated with viscous
flow ceases, and Gy is the front factor. Equation 9.6 can be
used to predict the crystallization rate of a number of poly-
mers over a wide range of temperature.

As reported in Figure 9.10, the spherulite radius growth
rate as a function of T, reached a maximum for all investi-
gated molecular weights at temperatures ranging around
130°C and depending on the specific polymer molecular
weight [30].

G (pm/min)

0 1 1
340 360 380 400 420 440 460 480

FIGURE 9.10 Radius growth rate G as function of crystallization
temperature T, for different viscometric molecular weight samples
of PLLA, that is, M, = 150kDa (A), 260kDa ([]), 350kDa (@),
and 690kDa (QO). Reprinted from Ref. 30. Copyright 1983, with
permission from Elsevier.




In particular, the higher the PLLA molecular weight, the
lower the G, as generally observed for many polymers.
Different cooling rates also induced variation in the crystal
morphology, with the formation of regular geometry and
defined spherulites at high undercooling and spherulites with
irregular shape and a coarse-grained structure at lower AT.

According to the Hoffman theory, polymers such as poly-
ethylene present two different crystallization regimes charac-
terized by the ratio of the corresponding nucleation constants
K,i/Kgnequalto2 [69,70]. The presence of two crystallization
regimes was confirmed by Vasanthakumari and Pennings [30]
at 163°C for the highest of the PLLA molecular weights
investigated, thatis, for a polymer with viscometric molecular
weight M, = 150kDa, while lower molecular weight poly-
mers presented only a regime II crystallization type.

Tsuji and Tkada [35] studied the effect of different thermal
treatments and annealing histories on solution cast PLLA
films, which resulted in materials with different morpholo-
gies and physical properties. In particular, annealing was
performed on films as (A) cast; (B) cast and molten; and
(C) cast, molten, and quenched. Differences in crystallization
were mainly attributed to the presence of preexisting spher-
ulite nuclei before annealing, with the B film having higher
developed total crystallinity content at any annealing
temperature, resulting in higher mechanical strength. An
increase in crystallinity was observed in the annealing
temperature range 100-160°C.

In a later work, Mazzullo et al. [34] have also found
aregime IIT governed crystallization starting at 140°C, with
Kymi/Kyn equal to 3.13. Several authors have then confirmed
the presence of three distinct crystallization regimes,
starting at different temperatures and with different con-
stants [36, 41-43].

The crystallization mode of PLLA has also been analyzed
by using the Avrami equation [71, 72]

X. = l—exp(—kt") (9.7)

By measuring the fraction of crystallized material, X,
with time z, a value of the constant n equal to 4 was evaluated
by Miyata and Masuko [37] who observed, in nonisothermal
crystallization experiments from the melt, a remarkable
increase in the polymer crystallization at decreasing cooling
rates and a maximum value of the isothermal crystallization
rate at 105°C. A similar trend was observed by Iannace and
Nicolais [36]. However, these results could be affected by the
polymer thermal degradation induced at a low cooling rates,
as previously described by Migliaresi et al. [27].

9.4 FIBERS

First studies about the fabrication of PLA fibers were made
by Kulkarni et al. [13, 14} and Kalb and Pennings [23]. PLA
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fibers can be produced by melt and solution spinning [24, 73—
75]. The two methods generate fibers with different mechan-
ical properties and degradation rate, which can be explained
in terms of the different developed crystal morphologies [47,
73, 76]. In both cases, the high shear rate induced orientation
and chain alignment that in turn induced crystallization.
Wide-angle X-ray scattering revealed the presence of two
distinct crystal modifications in solution-spun fibers and in
particular the origin of a so-called p3-structure in hot drawn
fibers. The p-structure seems to correspond to fibrillar mor-
phology and bears most of the load applied to the fibers.
Recently, it has been found that the redrawing of highly
oriented PLLA film induces the transformation of the o-form
crystallites into the 3-form [77]. PLLA solution-spun fibers
have better mechanical properties and also higher hydrolytic
degradation stability [75].

Crystallinity developed in melt- and solution-spun
fibers is reported in Figure 9.11 as a function of the applied
draw ratio. In both cases, for draw ratios higher than 8-10,
a maximum value of crystallinity equal to about 65% and
44% was reached for melt- and solution-spun fibers, respec-
tively [76, 78].

Similar results were also found in the case of films where,
after drawing, crystallinity significantly increased up to
about 55% [79].

Melt spinning imparts intense thermal and mechanical
stress on PLLA, resulting in a large reduction in molar mass
that can reach 30-70% [24, 76]. Hence, when considering the
crystallizability of polymer fibers, the effects of molecular
weight and the thermal and mechanical drawing should be
considered.

The relatively low molecular weight of melt-spun fiber,
between 30 and 150kDa, results in high crystallizability
especially during drawing. In a double-step process of fiber
spinning followed by fiber drawing, crystallization from

Crystallinity (%)

S é '110.1|2 1'4 1‘6'1‘8l2[0l2r2
Draw ratio
FIGURE 9.11 Crystallinity of melt-spun PLLA fiber drawn at

160°C (Q) and crystallinity of solution-spun PLLA fiber drawn at
190°C (VW) as a function of draw ratio.
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FIGURE 9.12 DSC curves of melt-spun PLLA fibers collected at
different rates, as indicated. Reprinted from Ref. 76. Copyright
1997, with permission from Elsevier.

the melt should be properly controlled in order to preserve the
ability for further orientation and crystallization. It was
reported that depending on the fiber collecting rate, the
crystallinity of as-spun fiber initially increased up to about
35%, and then decreased as the fiber collecting rate in-
creased, due to the faster cooling rate of the higher surface
area of the lower diameter fibers. Figure 9.12 shows the
thermograms of PLLA melt-spun fibers collected at 1.8, 5,
10, and 20 m/min.

The different amorphous phase content is initially evi-
denced by the various AC, at the Ty, 0.36, 0.19, 0.14, and
0.30J/(g K). Moreover, it should be noted that the crystalli-
zation peak of these melt-spun fibers occurred during heating
in the range of about 80-120°C, significantly lower than that
of completely amorphous PLLA reported in Figure 9.1, with
direct dependence on the preexistent nucleating crystalline
domains and the oriented polymer structure. At higher
temperatures, a small exothermal peak of secondary crys-
tallization at about 160°C precedes the melting. As shown in
Figure 9.12, curves revealed two melting peaks, the higher
temperature one just indicated by a shoulder in the highest
rate collected fibers. The melting at about 188°C was due to
crystallinity developed during the melt spinning process,
whereas the peak at 180°C corresponded to the melting of
crystals generated during the DSC analysis. The percentage
crystallinity of the fiber can be evaluated as 5%, 30%, 37%,
and 10% for spinning process of 1.8, 5, 10, and 20 m/min,
respectively.

The drawing temperature is selected above the T, in order
to modify the amorphous phase in the rubbery state; the
initial crystallinity, the nucleation and growth rate according
to the crystallization regimes I-III, the polymer chain mo-
bility, and the polymer molecular weight are important
factors for optimization of fiber orientation and crystalliza-
tion. Typically, PLLA melt-spun fibers after drawing at
160°C reach a crystallinity of about 50-70% [24, 80].
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FIGURE 9.13 First and second DSC scans of as-spun PLLA
fibers produced by solution spinning (5% chloroform solution).

In the case of solution spinning, the crystallinity of
undrawn as-spun fiber was typically 30—40%, higher than
that of melt-spun fibers (compare data of Figures 9.12
and 9.13), due to the lower spinning and cooling rate, and
in general as a consequence of the more favorable conditions
of solvent crystallization. Solvent, in fact, acts as a plasti-
cizer, resulting in a higher chain rearrangement capability.

At the same time, the relatively high molecular weight
(between 300 and 900 kDa) inhibits the development of high
crystallinity due to the lower polymer chain mobility [78,81,
82]. Figure 9.14 shows the first and second DSC scans of as-
spun PLLA fibers produced from dry spinning. Low T, due to
the residual solvent that acts as a plasticizer, and low T, and
T, were observed in the first scan. In the second DSC scan
after a mass loss of about 15% attributable to solvent
remotion, a T, of 65°C and crystallization and melting peaks
at 140 and 180°C, respectively, with a crystallinity of about
25%, were observed.

These solution as-spun fibers can be drawn at a higher
drawing temperature, above the expected Ty, (this is possible
due to the high polymer molar mass and initial crystallinity).
The results of DSC analysis revealed, after drawing at
temperatures between 160 and 210°C, the formation of a
double crystalline structure, with two melting peaks at about
160-170 and 190-200°C, as summarized in Table 9.3 and
shown in selected thermograms of Figure 9.14,

The higher the drawing temperature, the higher the total
crystallinity and the enthalpy of the first melting peak at
about 160-170°C, thus suggesting the formation of the [3--
phase, as previously indicated by Pennings and coworkers, in
coexistence with the a-phase [47, 73, 74, 82].

At the same time, the T;; was found to increase with the
drawing temperature, reaching about 100°C, as a conse-
quence of the high orientation of the crystallized fibers.
Moreover, the progressive and remarkable reduction of AC,
from 0.1 to about 0.05J/(gK) indicates both high packing
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FIGURE 9.14 DSC thermograms of solution-spun fibers after
drawing at various temperatures (glass transition temperature and
various melting peaks are evident) [78].

and low mobility of the amorphous phase above T, once
again as a consequence of the high orientation of the high
molecular weight drawn PLLA fibers.

Copolymerization of L-lactide with other analogous cyclic
lactones, such as pL-lactide, p-lactide, glycolide, or e-capro-
lactone, produces polymers with relatively random distribu-
tion of comonomers. The T, of PLA copolymers decreases
proportionally to the content of the glycolide or e-caprolac-
tone comonomer to some extent. Moreover, the presence
of stereochemical defects in PLLA reduces Ty, rate of
crystallization, and extent of crystallization of the resulting
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polymer. Reed and Gilding reported in 1979 a sharp reduc-
tion of melting point to 120°C with the addition of 20%
glycolide, with no crystallization occurring if glycolide
content reached 25% [22]. Figure 9.15a and b summarizes
some of their results.

Analogously, the L/bL-lactide copolymers present an
almost linear T};, depression, from 178°C for pure PLLA to
115°C for the 70/30 copolymer, and a T, decrease from 63
to about 55°C, as shown in Figure 9.16.

9.5 HYDROLYTIC DEGRADATION

The degradation kinetics of PLLA is largely affected by its
crystallinity. As is known, degradation of PLA proceeds via
hydrolysis, which is in turn controlled by the water diffusion
in the free volume amorphous phase. In addition to crystal-
linity, other factors such as molecular weight, surface/vol-
ume ratio, purity, and chain orientation can greatly affect
degradation kinetics [7].

Migliaresi et al. [83] compared the hydrolytic degradation
of different molecular weight and crystallinity PLLAs,
obtained by quenching or annealing treatments.

As reported in Figure 9.17 for two different molecular
weight PLLA polymers, as degradation proceeds, crystallin-
ity increases reaching an almost equal value for the two
polymers despite their largely different initial crystallinities,
that is, X = 46% for PLLA (153 kDa) and X = 6% for PLLA
(103 kDa). This behavior was not attributable to the loss of
amorphous degraded materials, because no appreciable mass
loss was detected during the experiment.

A concomitant phenomenon associated with the molar
mass reduction was the plasticizing effect of the water
molecules diffusing into the amorphous regions, which
provoked an increase of the chain segmental motion. Ulti-
mately, the crystallinity increased when chain length became
short enough to enable spatial rearrangement of the original
amorphous regions in crystalline domains.

This degradation-induced crystallization is a very impor-
tant drawback for the biomedical use of PLLA as an implant

TABLE 9.3 Glass Transition Temperature (T) and Change of Specific Heat at T, (AC}), Melting Peak Temperature
(T, and Enthalpy (AH,,), and Crystallinity of Solution-Spun Fibers After Drawing at Various Temperatures

Drawing First Melting Peak Second Melting Peak

Temperature

°C) T, (°C) AC, J/(gK)) Tn CO) AH, (J/g) Tn O AH,, (J/g) Crystallinity (%)
160 83 0.13 - - 190 29 31

170 81 0.12 - - 189 29 32

180 87 0.11 155 5 199 27 34

190 98 0.09 169 16 203 17 35

200 92 0.09 167 17 201 21 41

210 97 0.04 172 26 195 18 47
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material, which can last in the implant site for a very long
time [84, 85]. Pistner et al. [84] observed in vivo an increase
of crystallinity that reached 96% after 52 weeks of implan-
tation in the dorsal muscle of rats. Even though they attrib-
uted such increase to the preferential degradation and
cleavage of the amorphous regions, it is plausible that
also in this case degradation induced a rearrangement of
part of the amorphous regions into a crystalline structure, as
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FIGURE 9.17 Crystallinity percentage (/\, A) and molecular
weight (O, @) as a function of degradation time in Ringer solution
at 37°C for PLLA samples of initial low (open symbols) and high
(filled symbols) crystallinity, respectively (adapted from Ref. 83).




previously described by Migliaresi et al. [27]. The excessive
longevity of PLLA in vivo, which is considered the major
drawback of the polymer for biomedical applications, can be

in

part related to the observed in vivo degradation-induced

crystallization that slows down the hydrolytic attack on the

cO

mpact stable crystalline regions. Also, residues of PLLA in

vivo have been observed after 7 years of implantation. Also
worth noting for biomedical uses of PLLA is the increase in
crystallinity due to gamma ray irradiation with the formation

of

new thin crystal lamellae [86].
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