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Abstract

Laser additive manufacturing (LAM) has enabled the fabrication of complex and
highly customizable metallic parts from a computesided design (CAD) file
through layer-by-layer construction of the componerts via local melting of
powder/wire using afocussed laser beanThe significant reduction in lead time
and the design freedom that allows forubstantial savings through weight
reduction and the introduction of additional functionality to parts have piqued the
industry's interest in these technologs. However, the complicated thermal
histories experienced by theomponentsand the very high cooling rates inherent
to these processes, lead to different microstructures in the padsad not all
conventional alloys are proper foadditive manufacturing(AM). In particular, tool
steels with medium to high amourg of carbon are ettemely difficult to process
due totheir susceptibility to cracking. This implies thatheat treatments should
also be tailored for the LAM parts apart from alloy modification

Therefore this work tries to study in more detail some of thelassictool steels
available inthe market, along with two recently utilized tool steels for LAM.The
first part of this work is devoted tothe microstructural characterizationof two
carbonbearing tool steels, namely AISH13, and X35CrMoMn7-2-1 (PLASWeld
Ferro55), fabricated through Laser Directed Energy Deposition (LDEDOJhe as
built microstructure of these steelsomprisesa martensitic matrixwith ~10vol.%
retained austenite (RA) as eonsequene of microsegregation at cellulddendrite
boundaries. The tempering behavior is studied consequently, using two heat
treatment strategies of direct tempering of the dmiilt part (DT), and
austenitization followed by quenching and tempering (QT)t was demonstrated
that in the DT scenarig the secondary hardening peak was shifted &ghigher
temperature {.e., 525°C vs. 5009@vhich is attributed to the decomposition of RA,
producing carbides and fresh martensite in the first tempering step i Bamples
This proved advantageous for tempering resistance ¢f13 samples tempered to
an equivalent hardness where the hardness values fospecimers of 500HV
dropped to 360HV vs. 300 HV for the DT and QT scenarios, respectively. The
apparent fracturetoughnessfor H13 was 70 and 89 MPa i in the DT and QT
specimens, respectively{imilar behavior was also observed for the Fe55 grade.
The Apparent fracture toughness for F®55 specimens was considerably higher
than H13 specimens tempered to equal hardness (i1dQ &106MPa.m\2 vs. 70
&89 MPa.ni’2for the Fe55DT&QT and H13 DT&QT, respectively).On the other



hand, H13 specimens demonstrated better tempering resistance. sThias
attributed to the presence of vanadium carbides which have much lower
coarsening rates compared to Cr carbides which are the main constituents in Fe55.

Overall, although the DT scenario demonstragéower Kapp values compared to
the QT scenario, the values are still comparable to the conventionally
manufactured (CM) parts, implying that depending on the applicatiothe DT
scenario might be a more suitable and economlicolution for postprocessing.
Moreover, for applications vierethe tool is not sibject to high temperatures, Fe55
seems to be auitablealternative to H13 considering its easier processability and
lower tempering temperature required to obtain similar hardness.

In the second part of the workother potentialities of LDED are investigted on
two carbonfree maraging tool steels, namel@sprey® 18Ni300 and Osprey®
MAR-60HRC It is well known that parts undergo a sealled Intrinsic Heat
Treatment(IHT) during LAM processes due to thermal cycles that previously
deposited layers undergo um deposition of successive laye®sprey® MAR-
60HRCwas selected to investigate IHT due to its higher Co and Mo content which
gives rise to faster aging kineticand higher peak hardnesst was demonstrated
that through tailoring the thermal history cydes by appling inter-layer dwell
times (IDT), it was possible to trigger the precipitationevents during the
deposition process and to increase the hardness in thdait part from 360 HV
(no IDT) to 520 HV (IDT-250s) This is particularly advantageous in repair
applications whee it may be possible to avoid heat treating the entire part.

The comparatively inferior wear resistance of maraging steels compared to tool
steels is another typical concern. One solution to this issue is to enhattee
hardness. However, this strategy would result in a reduction in fracture toughness.
The last part of this work demonstratebat the production of bimetallic specimens

or compositionally graded (CG) material can be a successful approach in this
regard.Bimetal specimens with a hard surfac®éprey® MAR-60HRQC and tough
core Osprey® 18Ni300 were prepared successfully. The fracture toughness of the
sample was significantly increasddom ~56 MPa.ni?2 (Osprey® MAR-60HRQ) to

70 MPa.m2 with a similar surface hardness.
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Chapter 1

Introduction

1.1  Additive Manufacturing

According to the definition by the American Society for Testing and Materials
(ASTM), Additive manufacturing (AM), also known as thredimensional printing
(3DP), is defined as the "process of joining materials to make parts from 3D model
data, usually lagr upon layer", in contrast to subtractive manufacturing (e.g.,
milling, turning, drilling, etc.) and formative manufacturing (e.g., forging,
bending, casting, injectiormolding, powder metallurgy, etc.) methodologiefl].
This distinctive feature enables the manufacturing of complicated components
that, in some cases, araot conceivable through subtractive manufacturing
techniques straight from the design. Moreover, by eliminating the need for costly
tooling or reducing the time needed to assemble multiple components, AM process
reduces lead times by a substantial amouarid is costeffective for small batches
and single partg2].

The AM process can be summarizéd eight key steps as presented belowSince
this is a generic procedure, different AM technologies may handle this process
sequence differently3].

1. Conceptualization and CAD

Conversion to STL/AMF

Transfer and manipulation of STL/AMF file on AM machine
Machine setup

Build

Part removal and cleanup

Postprocessing of part

Application

O Nk DN



Various classificatios of AM processes can be found in the literature. In general
terms, the classifications are: (i) based on the type of base material (polymers,
metals, and ceramics); (ii) according to the bonding method (direct and indirect);
and (iii) depending on the rawfeedstock materials (liquid, molten, powder, and
solid layer)4]. According to ASTM, seven main categories can be defined for AM
technologies, presented in Table 1.

Table1-1 Overview of AM technologies

AM Category Process Description
M"‘e“('hl;‘iz")"“"“"‘ Material is selectively dispensed through & nozzle or orifice FDM, FFF, BPE Polymer, Metals
Powder Bed Fusion LPBF, EBM, DLMS, SLS, Polymer, Metals,
Thermal energy selectively fuses regions of a powder bed e
(PBF) Y Ceramics
Vat Photopolymerization  Liquid photopolymer in a vatis selectively cured by light-activated VAT, SLA, DLP Polymer, Gomposites
polymerization
Directed Encrgy Deposition  Focused thermal energy is used to fuse materialsby meltingasthey [ 1o o o Polymer, Metals
(DED) are being deposited
Material Jetting § . . .
o Droplets of build material are selectively deposited MJ, NPJ, DOD, S Polymer, Metals
Binder Jetting A liquid bonding agent is selectively deposited to join powder B Polymer, Metals
(B]) materials
Sheet '(';:’)““‘m Sheets of material are bonded to form a part LOM, UAM Polymer, Metals

1.2  Metal Additive Manufacturing

Although additive manufacturing of metal is a relatively new production
paradigm, over the course of the last two decades, it has experienced enormous
improvements, and due to its demonstrated ability to create complex shapes, it is
now being used in serious applications in sectors such as aerospace, automotive,
biomedical, energy, and toolind4]i[9]. A breakdown of various metals applied
acrosdliversesectors may be found iTable1-2.



Table1-2 Common alloys in AM and their applicatiofLO].

High remperature
Consumer products

Alloys  Alumimum Maraging Stainless Titmium  Cobalt Nickel  Precious Refractory
Applications steel steel Chromium super-alloys  metals metals
Aerospace x x x x x x
Medical x x x x
Energy x
Oil and gas x
Automotive x x x
Marine x x
Machinability and weldability x x x x
Corrosion resistance x x x
Tools and molds x x x
x x
x

x x

MJ, ME, and BJ are considered indirect or mulitep MAM processes since there
are one or more steps to consolidate the shape and function after the shaping step.
Powders ardypically kept together by a binder material that keeps them in shape,
which is later removed through debinding stepl1]. A further sintering stage is
also required in most cases to obtain the desired density and mechanical properties.
Widespread adoption of these technologies has been hindered by the additional
steps in processing and, in particular, challenges widhmensional control during
sintering. Alternatively, powder bed fusion(PBF) and directed energy deposition
(DED) are the two most commonly utilized MAM categories due to their distinct
advantage$12].

PBF technologiesparticularly laserpowder bed fusion (LPBF), being among the
most commercialized AM processes, have been hailed as the most viersagtal
additive manufacturing processes since they cg@noduce functional neafnet
shape metallic parts at nedull density with complex geometries in a reduced lead
time. The working principle in these methods is toreat a thin homogenous layer
of powder through a powder feeding system (roller/rake), followed by selective
melting and solidification of metallic powders to form the part, followed by
recoating with a new layer of fresh powder using a high energy heat source that
can be either laser orlectron beam. The process is performed in a chamber with
a controlled atmosphere (i.e., vacuum for EPBF and inert gas for LPBF) to avoid
oxidation[13].

1.2.1  Directed energy deposition

In DED, a concentrated higkenergy heat source (laser, electron beam, electric
arc\plasma) is employed to form a melt pool on a substrate where the material to
be deposited isntroduced simultaneously (powder or wire), and the final part is
realized through layer by layer depositidgi4]. DED can be divided into various

3



categories considering the type of heat source and the feedstock, as presented in

Figure1-1.
¥ v v

v
‘ Heat source ‘ Electron beam‘ ‘ Laser ‘ ‘ Arc ‘

Figure 1-1 Classification of DED processes.

As an AM process, DED is well suited tthe deposition of high-performance
metals, including stainless steetpol steel, alloy steel, titaniursbased alloys,
cobaltbased and nickebased alloys, higtentropy alloys, and functionally graded
materials (FGMJJL5]. Some of the advantages and disadvantages of tHeDD
process, according to ASTM 34[11%F], are as follows

Advantages:

A broad range of feedstock materials; better mechanical properties in ése
built (AB) condition compared to PBF parts; the possibility of local adjustment
of properties by tailoring the processing parameters; higher deposition rates
and the pdential to deposit largercomponentscompared to PBF; larger
particle size distribution PSD compared to PBF (considering cost and safety);
possibility to depositcompleteparts, partial features, coatings, or repair in the
same machine; Possibility of combination with subtractive methods in the
same machine (hybrid manufacturing); ability to marfacture multi-material,
composite, or FGM parts

Disadvantages:

Local temperature differences in parts can result in residual stress and
deformation; lower-dimensional resolution compared to PBF; limitations with

t he compl exity of t h epowdex reffiocfescy an@ o me t r y
powder recyclability compared to PBF (in powder systems)

1.2.2 Laser directed energy deposition

The most common DED technique, laser directed energy deposition (LDED), was
commercialized in the mid1990s based on Lasetladding (LC) technology.
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Depending on the different variations and groups that developed the technology,
it is known by several names such as Laser Engineered Net Shaping (LERS)
Direct Laser Powder Deposition (DLPIP)8], Direct Metal Deposition (DMDJ19],
Laseraided Metal/Material Deposition (LMD]20], to name a fewAlthough wire-
based_DED machines might be advantageous for increasing process efficiency and
surface quality, their prevalence in the field is substantially less than that of
powder-fed LDED[14]. In LDED, a focusedaser beam is employed to fuse and
consolidate the intended material (powder or wire), which is delivered
simultaneously into the melt pool to accomplish the depositioA fraction of the
laser's heat is absorbeat reflected by the powder particles but the majority is
absorbed by thesubstrate upon which the material is deposited, producing a
controlled melt pool on the surfaceTypically, an inert gas is introduced into the
deposition area to reduce the risk of oxidatioBepending on the main parameteys
spot size, scan spegdnd laser powerthe melt pool size in the order ofa few
centimetersand layer thickness might vary between hundreds of microns to 1 mm
and build rates up to 300 cBth can be achievef7]. Figure1-2 presents a schematic
of a powderbased LDED system with a eaxial nozzle.

Nozzle

Laser beam

Deposited material i
eposited material :' Shmld]ng gas

Figure 1-2 Schematic of a powder LDED system with &xial nozzle

Manufacturing high-quality parts through LDED technology is an exceedingly
complicated process. Several coupled physical phenomena occur concurrently in
powder-based DLD on @oncisetime scale, and amerous processing variables can
influence the partds t hREgurelal3). Alllthese might y and
consequently affect the microstructure and prepties of the asdeposited
material[21].



Laser A
type, power, wavelength ‘
beam profile, diameter and offset
substance/laser relative speed -
scanning pattern, dwell time [—
laser-induced pldsma'_m\ad pressure

Powder Stream Dynamics
* nozzle specifications
+ particle feed rate, frequency, efficiency, idle time
+ particle/carrier-gas interaction (drag)
+ particle/particle interaction (collisions)
* particle/melt pool interaction (mass reflection/absorption)
* body force interaction

Blown Powder Energy Transfer
* laser/powder interaction
O attenuation, scattering, absorption
S iseas =" [+ mid-flight pre-heating, melting and evaporation

Il
- S 7 — Melt Pool Heat Loss
MEIFU‘E (Useful Energy Utilization) ]+ convection to shielding/carrier gas
* melt pool initiation /] * radiation/ reflection to surroundings
* melt pool/laser mteraction (absorption) o variant emissivity, reflectivity
{ /L. + melt pool evaporation
Melt Pool Dynamics
+ melt pool/powder interaction (splashing, mass addition) p
* temperature distribution (superheat) ;
* radiation transmission a&‘

+ wetting behavior with pre-deposited layers and gas (surface, tension, contact angle variation, oxidization)
+ profile stability (boiling, vapor re-coil)

+ fluid dynamies (Marangoni convection, density-driven flows, body forces)

Conduction ./ e Part Heat Loss
* Heat Affected Zone (HAZ) volume/ depth = <%= L) * convection to inert gas
* high heat flux transport @ o ':> * radiation to surroundings
+ sensible heating/thermal cycling — e © emission, absorption

* substrate interaction (heat sinking effems? -

Solidificatios Microstructural Evolution
enthalpy of fusion e e Lh| « dendritic solidification, growth
* =,
1}:'y £ 1 T + dilution of chemical constituents
+ re-melting of previous layers |7 . '
* porosity/inert gas entrapment ;é; A mass transfer

* heterogeneous nucleation of solid participate

Resultant Mechanical Properties
* Deformation
*+ Strength

Figure 1-3 Physical occurrences during LDED (adapted fr¢id])

As demonstrated inFigure 1-3, powderbased LDED ishighly challenging to
model due to the multiple physical phenomena interacting simultaneously.
Therefore, studies aimed at enhancing the quality of LDED parts typically employ
an experimental approach todentify optimal process parameters and achev
some targeted product attributes using tools such as the statistical design of
experiments (DOE). The three key processing factors regarded in LDED are the
laser power, the laser scan speed, and the powdewflate[3], [22], [23]. While
numerous reports have examined the effect of the LDED process parameters on
the properties of the deposited materf@4]i [28], no detailed sudy has been
conducted concerning the relationship between crosslinking interactions.
Moreover, many of the inherent physical properties are not constant and have
significant alterations as the process proceeds and the thermal history of the part
changesTherefore, various models have been proposed for controlling the build
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height, including systems that adjust the powder feed rdf29], systems that use
closed control loops to stabilize the meltpool dimension by altering thewer and
traverse speeB0], systems that control traverse spe¢8il], and even by varying
the power stream shapg82]. The applicationof artificial intelligence (Al) in DED

has been thoroughly examined with the goal afeducing reliance on human
intervention while increasing control over the process's more intricate elements.
Several Al techniques, including neural networkBIN), support vector machines
(SVM), and gaussian procesg$GP) techniques, are capable of achievinthis
objective These models have been used in the DED process and trained for very
accurate results. They demonstrated prediction accuracy ranging from 80% to 97%
for various approaches and varied attribu{&s].

Despite the weltknown advantages of the process, it is known that parts built by
LDED often exhibit nonuniform microstructure and properties which can
confine their application [34]. In DED techniques heat is dissipated mainly
through conduction to the substrate, conduction to the build material, and
convection to the shield ga$35]. The microstructure and properties of laser
deposited materials depend on the solidification and the sefithte
transformations thathappen upon cooling to ambient temperatuff@6]. Typically,
columnar grains are observed to develop epitaxially from the substrate or the
previously deposited layer in the direction of the heat source's scannthge to
directional heat flux To manufacture parts withproper mechanical properties,
exerting modifications to the grain structure such as the columnato-equiaxed
transition (CET) is necessaf$7]. Controlling the microstructure can be
approached fom either the grain or phase perspectiveThe microstructural
evolution in LAM parts can bemanipulated through thermal gradient (G) and
growth rate (R) by altering processing parameters like power, scanning speed,
scanning strategyand baseplate preheatingrThe G/R ratio affects the mie of
solidiycation (morphology), whil e the
determined by GR or the cooling rat¢10]. Modulating the laser profil¢38] or
intensity [39] has also been applied successfully to modify the microstructuda

the other hand phase control is more challenging siedoththe solidification and
solid-state phase transformations are involvec&nd manipulation of process
parameters for optimization of thermal history for precipitation can be at the
expense of solidification and grain size contrf85]. The majority of investigations

in this area are restricted to the control of wsitu aging of LAM material40], [41].

Two other distinctive applications of DED technologies are alloy design and
fabrication of multi -material part§42]i [45]. DED processes athe most common
AM processes fometal multi-material Additive manufacturing (MM-AM) [45].



1.3 Tool steels

Generally, tool steels aréerrous alloys that are used to manufacture tools, dies,

and molds for shaping, forming, and other materials. In a more detailed definition:
ATool steel s ar egedstebly capabld df keing hardened &and g h
tempered. They are usually melted in electric furnaces and produced under tool
steel practice to meet special requirements. They may be used in certain hand tools

or mechanical fixtures for cutting, shaping, formig, and blanking materials at
either ordinary or elevated temperatures. Tool steels are also used in a wide variety

of other applications where resistance to wear, strength, toughness, and other
properties are selected for optimum performan@s]o .

This description emphasizes the wide range of chemical comfioss that can be
found in tool steels, from those withminimal alloying elements to those with very
high quantities. Each of these groups shares the potential to undergo heat
treatmentd particularly hardening and tempering to enhance their properties.
This is a defining property of tool steels since it indicatessagnificant increase in
mechanical properties after heat treatmentiowever, this possibilitydepends on
applying proper heattreatment conditions, which also depend upon their
metallurgical propeties[47]. Some of most essential requirements and
characteristicof the tool steels aras follow$46], [48], [49]

1 Compressive strengthto endure the severe clamping forces during the
molding process

1 Toughnessto withstand cracking and fractures

1 Wear resistanceto resist surface deterioration throughouhe service

1 Fatigue resistanceto withstand the cyclic load thatthe die material is
subjected to.

1 Thermal conductivity: for a better heat sink and control of mold temperature
for higher productivity

1 Corrosion resistance to withstand chemical reactions in contact with
corrosive media and the cooling channels

1 Machinability : to reduce cost and time for tool manufacturing

1 Dimensional stability upon heat treatmentto minimize shape/dimensional
corrections afterheat treatment

Many designations have been introduced for tool steels based on their application
or chemical composition, among which the ASTM designatifi®] presented in
Table1-3is one of the most common.



Table1-3 Classification of tool steelaccording to ASTM

ASTM Classification Symbol
Water-hardening tool steels W
Shockresisting tool steels S
Oil-hardening cold work tool steels (0]
Air-hardening, mediumalloy cold work tool steels A
High-carbon, high-chromium cold work tool steels D
for Dies

Plastic mold steels P
Hot work tool steels, chromium, tungsten H
Tungsten highspeed tool steels T
Molybdenum high-speed tool steels M

1.3.1 Tool steels in Lasebased AdditiveManufacturing

The tool steels used in AM generally fall into two categories: carbbearing tool
steels and carbotfree maraging steelgs1]. The high cooling rate inherent to LAM
methods satisfies the condition for obtaining an almost fully martensitic
microstructure in the AB condition for both groupsThe ultimate microstructure
for both categories consists of martensite and precipitates, while the precipitates
consist of secondary carbides in the first group and intermetallics in the latter.
Although the as-built martensitic microstructure in high Ni maragingteels is soft
and needs an aging treatment for precipitation hardening, the AB martensitic
structure is very brittlein the carbonbearing steeland prone to cracking due to
residual stresses that form during AM procg58]. Since many AM technologies
have not yet reached industrial maturity, relatively few steel powders tailored for
AM are available in the market, and powders for thermal spraying and laser
cladding are utilized for AM53].

1.3.1.1 Cabon-bearing tool steels

As discussed earlier, the fully martensitic brittle microstructure of carbdrearing
tool steels makes them hard to process, and a substantial amount of literature is
devoted to findng the processing parameters for obtaining crafiee and sound
sampleslt is generally acknowledged that an increase the carbon content of
steel declinedts weldability and increasedts susceptibility to cracking54]. Hence,



the number of carbonbearing AM processed tool steels is limited somelow-
medium carbon gradesnamely the highspeed stesl(HSS) M252], [55], M4[56],
and HSS P2{67]; cold work steel X65MoCrWV32 [58]; and hot work tool steels
H11[59]i[61], and H1362]i[71]; with the exception of mediumhigh air
hardening steel D§72], [73]. It can be noticed that most of the studiesare
dedicaed to H13 hot work tool stee] owing to its widespreadapplication dueto a
decent combination of hardness, toughnesat high temperatures, tempering
resistanceandwear resistance at high temperatur¢s6]. Considering grades with
higher C content, preheatinghe baseplate would be necessary for avoiditige
cracking issue, e.g.preheating in the range of 200500C is advised for M4
however, this canresult in lower toughness and strength at higher preheating
temperatureq74], [75].

The asbuilt microstructure of the LDED-H13 tool steel consists of solidification
cells/dendrites with considerable amounts of retained austenite within the
intercellular/dendritic regions [51], [62], [70], [76]. Depending on the processing
parameters and sampling position, the cell size can vary between 2 td 336],
[72], [77], [78] Indeed, as the height increases throughout the deposition, the
cooling rate declines since the heat sink into the base plate is reduced.
Consequently, solidification cell diameters at the upper parts of the component are
larger than those at the bottom[36]. The cellular structure results from
constitutional underoling that is accompanied by microsegregation, which leads
to the enrichment of some alloying elements in the interdendritic regions. Brooks
et al. [63] investigated the auilt microstructure of LDED-H13 through
Wavelength-dispersive Xray spectroscopy (WDS). They suggested that C, Cr, Mo,
and V are enriched in the interdendritic/intercellular regpn so that intercellular
austenite could be stabilized down to room temperatur€his can be justified in
view of the martensite transformation start temperature (Ms) sineedecrease in
the Ms temperature would lead to an increase retained austenite contenf79].
The relation between Ms and alloying elements can be express¢8s

-0 J# B#p c9go b3E ¢ct80c b-1 C X
cusy b-1 (Eq.1.1)

Accordingly, an increase in the amount of the aforementioned allowirglements
declines the Ms and increases the amount of RPherefore, theasbuilt LDED
H13 microstructure is martensitic with low amounts of retained austenite
enriched with alloying elements. Howeverthe martensite is temperedlue to the
intrinsic heat treatment (IHT) that parts experience during the LDED procef&2].
This intrinsic heat treatment results from successive thermal cycles related to the
deposition of each new layef81]. Therefore, the top layer of a sample that
experiences negligible IHT has a higher hardness in comparison to that of lower
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layers with significant IHT [60], [65], [76], [82] Additionally, different carbides
have been reported to be present in the -asilt LDED-H13 [3,4,12,1416].
Specifically, lower layes of a part that have gone through many IHT cycles
contain Cr and Vtrich carbides[63] that arereported to be mostly MC carbides,
with minor quantities of M7Cs carbides[78].

The conventional heat treatment of hoetvork tool steels consists of
austenitization, quenchingand multiple tempering to reach the desid hardness.
This leads to a microstructure that comprisetempered martensite with a
dispersion of secondary alloy carbides and a combination of properties, such as
uniform hardness proie, hot strength,good toughness, thermal conductivity, and
temper resistanceFor the asbuilt LDED-H13, mechanical properties such as
tensile strength (UTS~2000MPa), elongation at break (%), and hardness
values (550 to 700HV) [66], [76], [82], [83] are comparable to those of
conventionally heattreated wrought material, which also indicates the isitu
tempered statg[78]. This implies thatthe costly postprocessing heat treatment
could be avoided in particular applicationsHowever, the noruniformity of
hardness along build direction, merostructural inhomogeneities due to the
incomplete in-situ tempering, and existence of RA in the dwilt LDED-H13
might be problematic in many processes and should be avoided in many high
temperature applications such as highressure diecasting.

Another important issue to consider is the effect of IHT and thermal cycles on the
properties of the LAMedparts. According to some studies, IHT variations can
change microstructure, hardness, defects, residual stress, etc. irbuds
components, resulting ininconsistent part quality and reducing repeatability of
component quality [84]. It has been demonstrated that greater number of
thermal cycles increased the thermal stdity of the retained austenitewhich may
lead to a reduction in CTE.A continuous decrease in the lattice parameters of
martensite has beenobserved as the number of thermal cycles increased,
indicating that higher compressive residual stressesght be developed in the
material which can lead o inhomogeneity of residual stress distribution along the
part heighi85]. These variations in residual stresses, microstructure, and
mechanical properties are well known to subsequently influence the fatigue
properties of the material ashey have a significant impact othe three stages of
fatigue crack growth (FCg6], [87]. Therefore, studying theheat treatment and
tempering behavior of LDED H13 is of high importance in achievirapplication
specific mechanical and thermanechanical requirements.
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1.3.1.2 Maraging steels

Maraging steels are a class of higerformance, lowcarbon martensitic steels that
combine ultra-high strength (UTS21800 MPa) and high toughnesg8]. The
relatively soft and tough FeNi martensite can be agkardened by the
precipitation of nanosized intermetallic particles containing substitutional
alloying elements (e.g., Mo, Ti, Al) through a simple heat treatmemue to the
high Ni content and the absence of C (less than 0.03wt%), hardenability is not an
issue inthese alloys, and hence cooling rate after solution annealing treatments is
not critical [89]. In the solution annealed condition, the alloys, depending on the
type and content of alloying elementshow hardness of the order of 30 HRC. Parts
can be thus readily machined. Additional hardening can be achieved by aging at
the recommended temperatures and tim¢d0]. Dimensional changes after aging
treatments aregenerally negligible, thus enabling finishing operations to be
carried out on the parts before age hardening. They also show good polishability
[89], [91]. More importantly, their excellent toughness at high strength levels
makes this stel class an ideal candidate for use in applications requiring high
strength-to-weight ratios [91], [92]. Maraging steels are therefore considered
viable materials for tooling applications such as injection molds, extrusion tools,
die-casting dies, core pins, and cores, as well as for structural applicafi@hs

Due to their excellent weldability even without preheating and negligible
dimensional changes after age hardening, maraging steels have been exploited
commercially in nearnet shape AM processes such as LPBF and LEZ). On

an industrial scale, parts in 18Ni300 (18.0/4i0Cc4.5M0-0.7T+0.1Al, Fe bal.
(wt.%)) with complex geometries and enhanced mechanical properties have
already been commercializefP4]. This steel shows a peak hardness-&00HV,
and tensile strength of2000 MPa, with good ductility andoughness. 18Ni300 is
the most extensively used alloy in AM for maraging steg8], [95]i[101].
However, due to their simpler processability compared to carbdwearing tool
steels, more classes have been investigated in the literature, namely 14N,
18Ni250103], Ti-free grade 30[04], CX(FeCr-Ni-Al)[105]i [107], M789
(grade250[108], [109] and some other Cdree grades[110]i[112]. The AM-
processed maraging steels possessllalar/dendritic solidification microstructure
with cell size in orders of a fewmicrometersand relatively coarse PAGs in the
range of a fewmillimetres for LDED. The general microstructure is martensitic,
although RA is present in significant amounts (up to 11% depending on thisl
processand parameters) due tthe microsegegation of Ni at cellular boundaries,
stabilizing austenite up to room temperaturgl00].

The addition of Co in this alloy system raises thds temperature, enabling the
addition of more substitutional alloying elements (e.g., Mo) without the risk of
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stabilizing retained austenit¢113]. Moreover, Co increases the supersaturation of

Mo in the matrix, increasing the amount of this element participating in
precipitation. The combination of Co with a specific weight percentage of Mo, as

in the Mo-containing quaternary alloys (FeL8Ni-Co-Mo), increases the strength

by up to 500 MP489], [113] Ti is the other alloying element contributing to age
hardening at low weight percentages (i.e., 0.2 t62.0 wt.%) [114]. The
conventional heat treatment for managing steels comprises solution annealing
(820-1100L) followed by aging (486680C). Depending on the alloying elements,

the main intermetallic strengthering compounds in these systems are
orthorhombic Nis(Mo), hexagonal Ni(Ti, Al), rhombohedral FeMos T phase,
hexagonal FeMo Laves phase, h eSiias & plmasel and¥B p ha s e,
hexagonal "S phasd114]i[118]. Somestudies have demonstrated that solution
treatment can be avoided for LPBBrocessedsamples since the intermetallic
precipitates have a more significant strengthening impact than the retained
austenite and that the reversion of austenite plays a minimaleadn the fracture
procesfo6].

However, in certain applications, a further increase in hardness aimed at
increasing the wear resistanceof 18Ni300 has been considered a crucial
requirementas itis known to be one of themost efficient waysto deal with high
wear in usgl19]. In recent years, several F&8Ni-Co-Mo alloys have been
developed on an industrial and research scal@1]-[120], and NiCo-Mo
compositions with lower Ni content as well as Géree classes have been assessed
[121]i [126]. Recently a new class of MAROHRGAM has been developed,
showing a maximum achievable hardness-61HRC and ultimate tensile strength

of ~2600 MPa[127]. The higher Co and Mo content in this alloy gives rise to
higher vol.% and enhanced NMo and p phase precipitation kinetics leading to
higher hardness after agingThe fracture toughness versus hardness for some of
the maraging steel available in the literature is presented Kigure 1-4. As
expecteda drop in fracture toughnes is evident by increasing the hardness
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Figure 1-4 Fracture toughness vs. Hardness for different maraging steels. il
symbols belong to AM samplgd24], [128) [131].

Other than alloy modification, the hardness can be increasttdough the addition

of hard ceramic particles to fabricate AM 18Ni300 metal matrix composites.
However, it is reported that substantial addins of reinforcing particles result in
collision and agglomeration of urmelted/un-dissolved ceramic particles with
much higher melting points than that of the matrix to the sides of the melt pools
[132], [133] The stabilization of retained austete using carborcontaining
ceramic particles such as TiC and WC is also documented, and interfacial reactions
between the matrix and the reinforcement leading to the embrittlement of the
interface are witnessed in some research worf$32], [134], [135] More
importantly, mixing the ceramic particles with steel powders introduces an
additional step to the process chain with the risk of powder contamination. In
other studies, plasma nitriding has been applied to increase the surfaceress

of 18Ni300[136]i [138]. The process is assessed to increase the surface hardness of
AM-18Ni300 both in the direct aging and after solution annealing aging. The
surface hardness is reported to reach up to 1000 ddy and it declined to~700
HVo.o1within 30 um from the surface and gradually dropped to the value of the
base material at a depth 6f100 um. The presence of some connected pores and
cracks in the compound layer of the nitrided zone and the formation of discrete
TiN particles are reported for the nitiding of AM-18Ni300 [138]. Another
approach for realizing parts with different properties on the surface and at the core
is producing bimetals. To date, few studies have investigated the fabrication of
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bimetals of maraging steefd39], [140] and these studies are limited tbPBF of
maraging steels on a tool steel baseplate. Although, the different heat treatment
responses of these materials might be a limiting factor in some applications.

Maraging steels are alsauspiciousmaterials to exploit IHT capability in the in
situ strengthening of the LDED parts. Due to the layavise nature of this
technique, the part experiences multiple thermal cycles comprising reheating and
rapid cooling upon deposition of successivaykers, with gradually decaying peak
temperatures. In their pioneering work, Kiirnsteiner et 4lL41] demonstrated the
possibility of IHT for a talor-made Fel9Ni5Ti (wt.%) maraging steel through
mixing a pre-alloyed Fe20Ni(wt.%) with commercially pure Ti powder to enhance
NisTi precipitation kinetics compared with that of 18Ni300 by incorporation of a
higher amount of Ti. They could successfully inease the yield strength and
ductility by adjusting the thermal history of parts by applying interlayer dwell
time, leading to the cooling of deposited layers belowstMemperature during the
dwell time and reheating them to the aging temperature intervasa result of the
deposition of successive layers. In another reseafth?], this effect has been
investigated on ternary FeNi-Al alloy by mixing FexoNi(wt.%) with Al powders
with varying amounts of A up to 12 at.% to exploit the strengthening effect of
coherent NiAl nano-precipitates inside martensit¢143] during LDED. However,
given the high affinity of Ti and Al for O, prealloyed powders with the
aforementioned compositions might not be easy to process through some stahdar
powder processing routege.g. gas atomization)as well as during the deposition
of the material due to O and N piclup.
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Chapter 2

Motivations and Aim of the Work

In recent years the application of AM in someandustrial sectors has substantially
impacted production paradigms. One of the sectors that can hugely benefit AM
technologies is tooling. Laser Directed Energy Deposition is one of the most
practiced Laseibased AM technologies due tdts high production rates, large
building volumes, design freedom, andability to use multiple feedstocks
simultaneously. LDED opens new ways for the fabrication of tools with intricate
designs as well as for dies and mold rep&@ome surveys have revealed that DMD
canreduce the time for die production by 40 percef@2] and increase the life cycle

of the tool (through remodeling andmtroducing conformal cooling channels) by up

to 40 percenf19]. The global molds and dies market size was valued at $200.8 billion
in 2018 and is forecasted to reach $368.5 billion by 2(061]. Hence, considering
the size of the toling market and the great advantages that AM can bring to this
sector, and given the limitedknowledgeof the tool steels in AM, this work aims to
contribute to deepening the knowledge of tool steels manufactured by AM and
explore some advantages of AM tnoling.

As described in chaptef, the tool steels in AM are divided into two categories of
carbon-bearing tool steels and carbefree maraging steelsThe presentwork is
accordingly divided into two parts. In the first section, it has been tried to
investigate heat treatment scenarios for carbéearing tool steels. For carben
bearing tool steels, quenching yields a hard, brittle martensitic matrix devoid of
precipitates, and tempering helps restore some ductility by precipitating carbon
from the martersite matrix as carbides. Despite the weéthown advantages of the
process, it is known that parts built by LDED often exhibit nemniform
microstructure and properties which can confine their applicatigh45]. Yet, this
AB microstructure is almost fully martensitic and resembles the quenched
microstructure. Therefore, the elimination of the costly and timeonsuming
austenitization step can be a dream goal for part manufacturers. Few works have
been conducted to study this enario [146], [147] Therefore, the first part of the
current work aimsto comprehensivelystudy the effect of these two different heat
treatment strategies on the microstructure and mechanical properti@® this aim,
samples' fracture toughness and tempering resistance @mpared for the two
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scenarios. The last part of the whrregarding the carborbearing tool steels is
dedicated to investigahg the properties of X35CrMoMn72-1 stee] which has
been recently proposed as an alternative to H13 for some tooling applicaiang.
plastic injection molding tools The tempering lehavior of the material andthe
fracture toughnessreinvestigated and compared to those of H1®loreover, since
die steels are typically exposed to temperatures ranging from 315 to 6504§],
hence resistanceto thermal softening is an important property forthese steel;
therefore, the tempering resistance of the twaforementioned tool steels are studied
and compred in the two heat treatment scenarios

Austenitization and quenching are expected to dissolve microsegratiagisninate
the prior solidification structureand homogenize the microstructureThe research
question in the first part of this study was to investigate the influence of eliminating
the costly quenching step in the heat treatment of-DEDed carborbearing tool
steel H13, and in particularthe newly employed grade X35CrMoMn2-1 that has
not been nvestigated before, on tempering behavior, and material's properties,
namely fracture toughness and tempering resistance.

The second part of tis work is dedicated to directed energy deposition of carbon
free maraging tool steels. One of tllisadvantageof maraging steels in comparison
to high alloy tool steels is their lower hardness (typically 587HRC]149], which
results in lower wear resistance and confines their application for some tooling
purposese.g., blanking and trimming of high strength steelgl50]. In this regard,

a newly developed grade of maraging steels with higher Co and Mo content
compared to that of 18Ni300 washosen for laser directed energy depositioAs
discussed in chapter 1, this results in a highmartensite start {1s) temperature and
might reduce the risk of RAand give rise to a faster aging responsgking the alloy

a good candidate for investigating IHTSuccessful application of IHT can be
substantially beneficial since costly pogirocessing aging heat treatment can be
avoided. Moreover, this can be greatly advantageous for the repair of tools, where
only localized heat treatment is required.

Increasing surface hardness is one of thest practice waysto improve the wear
resistance of maraging steels and in particular to deal with abrasive w&ag]. In

some studies, plasma nitriding has been employed to increase the surface hardness,
but due to limitations with temperature and time for tke nitriding process (to avoid
overaging maraging), the outcomes are not so satisfactdryis is mainly because
high nitriding temperatures or times should be avoided in maraging steels
(overaging), and therefore the thickness of the nitrided layer is dfteery limited.
Another approach is the fabrication of metal matrix composites (MMC) by
introducing high melting point particles such as TiC or WC. The main disadvantage

of this approachis introducing an extra stepin preparing the powders which is
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costly and increases the risk of contaminatiormlloy modification can also be
applied to increase the hardnesshe combined effect of Co and Mo can give rise
to higher hardness irmaraging steelsHowever, hardness has an inverse relation
with fracture toughness which is another important factor in tooling applications.

Therefore, the contribution of the second part of this work was first to study the
heat treatment behavior and properties of a néydeveloped grade that possesses
consideraby higher hardness in comparison to the welstablished 18Ni300 grade.
Secondly, given the fast aging response of this commercially available grade, the
feasibility of the application of intrinsic heat treatmem for Osprey® Mar-60HRC is
studied. Lastly, given the potential capability of powder mixing in the LDED
process, various solutions for increasing the surface hardness by preparing bimetal
or compositionally graded specimens with Osprey® M&0HRC and
Osprey®18Ni300were investigated taking their fracture toughness into account.
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Chapter 3

Materials andExperimental Procedures

3.1 Powders

As mentioned in chapter 2, two types of maraging steels and two medium carbon
tool steels are used in this study. The powders used in this work are all commercially
available gasatomized powders. The first powder ®sprey® H13 powder (Sandvik
Osprey). The particle size distribtion of the powder is measured using the laser
diffraction analysis(LD) method with a 1064 CILAS analyzer, and the volume
weighted percentiles of the powder were DB=577 m, s=B1T m, and
Dw=109T m. The SEM mepmwderanmdsePSD cefultstate presented

in Figure 3-1.
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Figure3-1a) SEM micrograph of AlSI H13 powder, b) PSD of the powder.

The second powder is PLASweld Ferro55 (X35CrMoM@71), developed by
Voestalpine Bohler. For the sake of simplicity, it is hereafter referred to as Fa3&
volume-weighted percentiles of the pader were Dio=631T m, s50=B6T m, and
Doo = 1451 m. Figure 3-2 illustrates the SEM micrograph of the powder as well as
the PSD results.
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Figure3-2 a) SEM micrograph of Fe55 powder, b) PSD of the powder.

Two classes of maraging steels were used, both provided by Sar@sitrey The
first powder is the wellestablishedOsprey® 18Ni300type, while the second one is

a recently developed type specifically tailored for additive manufacturing that, due
to higher Co and Mo content, can provide better hardness and strength and
resembles the M350 category. The powder is commercially known as MARGRC-
AM, which hereafter will be referred to agDsprey® MAR-60HRCfor brevity. Both
powders have a PSD in the range éf05um +50um. The SEM micrographs of the
powders are presented ifigure 3-3.

Figure 3-3 SEM Micrographs of maraging steels, @sprey® 18Ni300and b)Osprey® MAR-
60HRC

The chemical compositions of all the powders are presentediable 3-1.
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Table3-1 Chemical composition of the powders (wt.%)

clement OIS Feross a0 MAR.GOHRC
C 0.4 0.3 <0.03 <0.03
Cr 52 6.9 - -
Mn 0.5 1.0 - -
Si 1.0 0.4 - -
\% 1.2 - - -
Mo 1.6 2.0 4.7 10.0
Ni - - 18.0 13.0
Co - - 9.5 15.0
Ti - - 0.7 <0.2
Al - - <0.1 <0.1
Fe Bal. Bal. Bal. Bal.
(o} 0.037 0.022 - -
N 0.052 0.021 - -

3.2  Additive manufacturing

All the depositions were carried out using a LASERTEC 65 3D hybrid machine
(DMG MORI AG). The machine is equipped with a 2500Wiode
laser( E1020nm) and a Coax 14 nozzle. The laser has ataqi beam profile with

a spot diameter of 3 mm at a focal length of H8n. The machine has a pneumatic
powder handling system with dual powder comtiners that allow simultaneous use
of the powders. Commercial pure Argofgrade 4.8) wagmployed as both carrier
gas and shielding gas with a flow rate of 5 and 5.5 I/min, respectively.

A work process, as represented iRigure 3-4, was followed in order to obtain
appropriate processing parameters for each material. Depositions of medium carbon
tool steels were performed on C40 mild steel plates of $220x20 mni, while
maraging steel depositions were made on 415 martensitic stainless steel baseplates
(110x110x20 mrf).
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Figure 3-4 The flowchart for process optimization in LDED

As discussed earlier, due the substantial amount of bulk heating in pasf the laser
power should decrease with each successive layer to achieve better control of the
melt pool shape. A 5% decrease in tipgwer is suggested by means of simulation
methods[145], and accordingly, the laser power was adjusted for the processaby
100W decline in laser power after each layer at the beginning of the process until a
stable melt pobwas achieved. A summary of the processing parameters and the
initial laser powersfor all the utilized materials are presented ifiable 3-2.

Table3-2 Process parameters utilized for deposition thie studiedmaterials, where P is laser
power, mZs powder feed, \is scan rateandaz is the layer height.

Material

m2Z

P v Overlap ®ez

w) (g/min) (mm/min) (%) (mm)
H13 2000 12 1000 50 0.9
Ferro55 2000 12 1000 45 0.7
Osprey®
18Ni300 1800 14 1200 55 0.8
Osprey®
MAR-60HRC 1700 14 1300 55 0.8
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An example of the workflow for processing parameter development f@isprey®
MAR-60HRCis presented inFigure 3-5.

~ Single tracks

Figure 3-5 examples of workflow for process development foOsprey® MAR-60HRC

For dilatometry and heat treatment experiments, cuboids of 40x30x25mm were
deposited for each material, and specimens were extracted from them. For fracture
toughness specimens cuboids of 60x45x20 mm were deposited while for the Charpy
impact test a block of 100x60x60 mm was prepared. In all cases, due to the difference
in baseplate material and the depositions, specimens were cut 5 mm away from the
baseplate.

33 Heat treatments

3.3.1 Dilatometry

Dilatometric investigations were carried out utilizing agquenching dilatometer
(BAHR DIL 805A/D, Germany) equipped with an induction heating system (max
100eC/min)wi t h a r esol ut i oMeasaréme@avedelcarrichout0 . 0 5 e C
on standard cylindrical dilatometric specimenst p ™mm. Secimens were cut
out usingwire-cut electro-discharge machiningW-EDM). To minimize the effect
of height on the inhomogeneity of microstructure due to different thermal histories
cuts were made transversally concerning the build directionThe curves were
differentiated with respect totemperature tohighlight better the phenomena that
occur during heating Q ¥p 7Q"Y ¥ Y0X0 7¥'Y where Lo is the initial length,
and gL an dabsgldte change infehgth and temperature, respectivelne
curves were smoothed usintpe LOESSmethod [151].
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3.3.2 Austenitization

A set of experiments s performed to obtain the optimum austenitization
condition to obtain a homogenized microstructure witithe recovery of micro
segregation and partial dissolution oforimary carbides Experiments were
conducted using a quenching dilatonter (BAHR DIL 805A/D). Austenitization
temperature was varied between 1020100 eC for holding times from 15 to 40
minutes under a vacuum atmosphereSamples were vacuum quenched using 5 bar
Argon. The heating and cooling rates for these experiments weree3min and 40
eC/min, respectively.

3.33 Tempering

Tempering was performed on both asuilt and quenched specimensand the
specimens are referred t@s DT (directly tempered) and QT (quenched and
tempered) followed by the tempering temperature (e.gDT-500eC) throughout
this document. Experiments were performed using the DIL 805 dilatometer Ar
atmosphere Specimens were tempered twice at temperads ranging from 456C
to 700eC for 2h. The heating rate was set to £Z /min, while a cooling rate of 30
eC /min was utilized A summary of the heat treatment strategies artde relative
acronyms are presented iRigure 3-6.
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Figure3-6 Summary of heat treatment strategies and the relative acronyms.

Cryogenic treatment was carried out by immersing the sample liquid nitrogen

(1196

AcC)

for

4 h. This

s aAmsprimary af allshe t h e n
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acronyms used throughout this document for the heat treated specimens and their
descriptions are presented in TableR

Table3-3 Summary of acronyms used for heat treated specimens

Code Description

AB As-built

CT Cryogenic treated

CTT Cryogenic treated and tempered

QTxeC Quenched and tempered
DTxeC Directly tempered AB

Q zeC Quenchedaftemusteniti zati o

3.34  Aging

Aging treatmentsto obtain agingcurves forthe LDED Osprey® MAR-60HRCand
Osprey® 18Ni300were carried out in a BAHR DIL850 A/D dilatometer in argon
atmosphere.The aging curves correspond tthe direct aging of the asbuilt
specimensSpecimers were age hardened at temperatures from 4800 eC andfor

the time span oflmin to 17h. The aging temperatures were selected based on the
dilatometric studies on the material{precipitation temperatures) and literature
review[96]. Aging treatments of the fracture toughness specimensene carried out

in an L75 Platinum LINSEIS dilatometer in an Argon atmospter Another set of
specimens \as also prepared by aging the specimens after a solution annealing
treat ment -6Qnair, follbvie@ iy @iktooling to room temperature).

3.3.5  Tempering resistance

For evaluating the tempering resistancéwo sets ofspecimenswere prepared to
obtain equal initial hardness values of 5@8V1 and 420 HV1for each of the heat
treatment strategies (QT and DTY.hese hardness levels are the most recommended
values for H13 tool steel in its intended applications (e.g., Al higitessure die
casting dies, tool holders, forging, and extrusion dieSpecimens are coded with the
heat treatment strategy followed by the initial hardness, e.T500HV. Specimens
were placed in a muffle furnace at 6@C/650eC, and hardness measurementgre
undertaken after soaking for 1, 5, 20, and 40 hours.
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3.4 Materials characterizations

34.1 Microstructural analysis

Deposited specimens were cut along the building direction usitg-EDM. To

eliminate the effect of EDM on the microstructure, a thickness 800 microns was

ground away.Standard metallographic preparations were performsdbsequently

onthe crosssections by grinding samples using sand papers up to 2000 grit, followed

by polishing with the diamond paste of Band T . An extra prepara
polishing with oxide polishing suspension (OPS) was conducted on specimens for
scanning electron microscopy (SEM) and electron backscatter diffraction (EBSD).

EBSD combined with electron dispersive xray spectroscopy (EDS) elemental

mapping was carried out using a Symmetry EBSD detector on a Field Emission Gun
Scanning Electron Microscopy (FSEM, Zeiss Sigma, Germany) on oxigelished
crosssections to investigate the phase constitatis and semiuantitative

elemental analysis, respectivelf-or microstructural analysis, samples were etched
using Villell ads r elaetanao,tand®Grill YICl)pi Nital 2% aci d .
nitric acid in ethanol solution).

3.4.2  Density measurements

Density measurements were performed using Archimedes principle and according
to ASTM B96208. Three pieces from different locations of each specimen were cut
and measured for each material.

343 Hardness measurements

Microhardness measurements were performed utilig an FM310 (FUTURETECH
CORP., Japan) on metallographic cressctions and according to ASTM E97,
using a load of 1kg and dwell time of 10s.

3.44  X-ray diffraction

An ltalstructures IPD3000 apparatus equipped with eo@node source (line focus,
Ku=017889nm). An Inel CPS120 detector was used to collatiffraction patterns
across the omega +120° twibeta range on specimens positioned in reflection
geometry with a fixed omega angle and applying an acquisition time of 1800s.
Subsequently, MAUD (Materials Aalysis Using Diffraction) softwarfl52] was
used to elaborate the data using the Rietveld method.
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3.45 Impact toughness

Charpy V-notch (CVN) specimens (58 10x 10mm3) were cut out of cuboid using
W-EDM for evaluating the impact toughness flowing ASTM E2316 standard.
Moreover, the notch (a=2mmg=0.25mm) was introduced in the samples by EDM.
It is known that W-EDM cutting can introduce tensile residual stresses in the part.
This residual stress is affected by the material and cutting paeter4153]. Kruth

& Bleys[154] measured a maximum tensile residual stress in order of 400 NAam

a depth of 100 microns for tool steels, but they demonstrated that by increasing the
number of finishing steps the residuatress becomes much lower and limited to a
smaller depth. Moreover, it is known that grit blasting can introduce compressive
residual stresses on the substrate that mainly depends on the substrate material, grit
size, andblasting parameters ffressure inpingement angle gun distance, time) and
can be in the order ofa few hundred MPa and grofile depth of few hundred
microns. [155], [156] Guilemany et. aldemonstrated hat reducing the blasting
angle and increasing the time resulted mdecreaseén residual compressive stresses
on the surface of tool stefl52].

Therefore, for introducing the notch in the Charpy specimen$wo extra finishing
steps were applied. Additionally, samples were grit blasted for ®@vith at a 4%
angle with respect tahe notch surface. Therefore, not only the whitéayer on the
surface was removedhut it was also tried to minimize and compensater the effect
of tensile residual stresses introduced by sand DM through grit blasting.Figure
3-7 presents the crossection of a WEDMed surface before and afterit blasting.

50 pm

Figure 3-7 Cross section of a specimen after-&DM a) before and b) after grit blasting.

3.4.6  Fracture toughness

Singleedge notched bend (SENB) specimensx@®x 30mm?g) were cut out ofthe
cuboidsusing W-EDM to evaluate the fracture toughness for each heat treatment

27



scenario. Moreover, the notch (Av=0.5,9=90/m) was introduced in the samples
by EDM. Plane strain fracture toughness testing was performed usingadit
bending tests were under stroke control at a rate of 0.5 rnin-! using a 1343
Instron machine equipped with a 5 kN load cellW-EDM may affect the
microstructure in the vicinity of the crack tip, especially due to the development of
a heat affected zongHAZ). The same measurements described in sectiofh.5were
applied to minimize these effectslt should also be noted that fracture toughness
data obtained inthis thesis are only used to compare the toughness of the different
samples, which have all undergone identical EDM processes

3.47 Compressive Strength

Compression tests were performed using a quenching and deformation dilatometry
(BAHR DIL 805A/D, Germany) egipped with a 20 kN load cell. Sulsize specimens

of @2.5x5mm were used to achieve the necessary high stresses for the experiments
with the equipped load cell. Specimens were cut out of deposited cubes using EDM).
The strain rate was set to 0.005/s. In @adto prevent damage to deformation rods
and for the machine's safety, deformation was limited to 5% true strain for the aged
specimens.

35 Simulations

3.5.1 Thermodynamic simulations

Thermodynamic simulations were conducted by Thermocalc software and using the
TCHE11l database. Using the Scheil model for simulating the mneguilibrium
solidifications, the primary phase for solidification was set to austenite since no trace
of delta ferrite was observed in microstructural analysis, neither @sprey® H13

nor in Fe55.

3.5.2  Thermal history simulations

Simulations of thermal history were performed using SIMUFACT Welding MSC
software (Simufact Engineering GmbH, Germany). The laser efficiency parameter
(i.e., the fraction of the nominal laser power considered for heat inputicalations

to take into account losses due to reflection, fume, etc.) was set to 0.5 based on
experimental measurements, and the gaussian distribution parameter for the laser
was set to zero teimulate top-hat beam profile. Moreover, the convective heat
transfer coefficient for the deposition material and baseplate was set to 30 and 20
W/(m2K), respectively.A K-Type thermocouple was fixed in a hole drilled 5mm
below the surface of the substrate to measure the batste temperature andhe
results were compared tsimulation valuesof the same position for validation
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Chapter4

Results and discussions
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Part 1- Carbon containingtool steels
4.1  AISI H13 tool steel

4.1.1  As-built microstructure of the LDED H13

The asbuilt microstructure of LDED Osprey® H13 s a layered structure composed

of rather large melt pools in thenillimet er range, as is typical dDED methods. The

optical micrograph at low magnification shows melt pool structures along the build
direction (Figure4-1. a).As depicted inFigure4-1.b, usi ng Vijitwad | ads
possible to highlight the large columnalPAG morphology traversing the melt pools.

500 pm

100 pm

Figure4-1. An illustration of the AB microstructure of LDED Osprey® H13. Low

magnificationLOM of thecrosss ect i on a) wusing Nital 2%, b)
columnar PAG. Higher magnificationLOM, revealing c) the cellular/dendritic solidification
(Nital 2%), d) the columnar grain morphologyVi | el | a)os reagent

The dendritic/cellular structure can be observed clearly inside the medbols, and
the growth direction of dendrites is normal to the solidiquid front and opposite to
the local predominant heat flow direction at meHpool boundaries Figure4-1c). A
higher magnification view of the large columnar grain morphology {sresentedin

Figure4-1.d.
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The SEM micrographs irFigure 4-2 clearly highlight the inter-cellular and inter-

dendritic areasInside the inter-cellular areas, particles with asizeof 8% T m wer e
evident (marked by arrows). These features were common in samples extracted from

the middle and topmost regions of the asuilt part.

10 pm DS SR % > 10 pm |

Figure4-2. SEM micrographs highlighting the presence of particles on the cellular
boundaries in specimens extracted from a) middle and b) top of a sample.

EDS elemental mapping corresponding to the backscatter electron (BSE)
micrograph shows the enrichment of alloying elements at the cell boundaries,
indicative of the heavy micresegregation of alloying elements caused by the fast
non-equilibrium solidification, and lath martensite microstructurend some bainite
shavesare evident within the matrix in BSE micrographKigure 4-3 a-f).

C-True Map

Figure4-3. a) BSE micrograph of AB sample highlighting cell bodaries and corresponding
EDS elemental mapping for b) Fe, c) Cr, d) Mo, e) V, and f) C (true map)

Three distinct regions marked by numbers at the cell boundaries could be revealed
by EDS spot analysis. -¥ich particles (marked as 1 inFigure 4-3e) were
characterized as V(C, N) carbonitride§igure4-3a andTable4-1 EDS spot analysis
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results on points 1, 2, ah3 in Figure4-3 and Figure4-4). The high nitrogen content

in V(C, N) in some works has been relatad the nitrogen pick-up during the LDED
proces§fl57]. To verify this, an analysis of interstitial elements N and O were
performed on the powder and the abuilt material. The initial powder corained
0.037 wt.% O and 0.02 wt.% N, while for the asbuilt material, the values were
0.045 wt.% and 0.053vt.%, respectively. Considering the identical values for the
powder and the deposited partno nitrogen pick-up is assumableduring the
deposition and the quite high amount of N in the powder is probably due to the
storage condition of the powderParticles marked as number 2 were richer in Mo
(Figure 4-3d). A higher magnification BSE micrograph showed that those particles
consisted of two different phased-{gure 4-4b). The EDS spot analysig éble 4-1
EDS spot analysis results on points 1, 2dahin Figure4-3 and Figure4-4) revealed
that the darker phase (i.e.,-2) was rich in Cr, Mo, and V (i.e., 25.5, 8.8, and
3.8wt.%, respectively). If the at.% of carbon is considered, it can be concluded that
these particles aré17Cs type carbides. On the other hand, the brighter padies (2

2) were heavily enriched in Mo (i.e., 29.1 wt.%) with a lower concentration of Cr
(i.e,, 12.7 wt.%) compared with that of (21) (Table4-1 EDS spot analysis results on
points 1, 2, ad 3 in Figure4-3 and Figure 4-4). These particlesan becharacterized
asMeC type carbidesalthough given the small size of the particles, the conclusions
shall be further validated by transmission electron microscopy (TEM) can be
postulated that Maerich carbides precipitated first at the intedendritic /
intercellular areas. Consequently, due to the depletion of Mo at the vicinity of these
carbides, Cirich carbides preferentially precipitated at the MC/micro-segregatia
interface. The size of the observed carbides is in the range of®5m, implying
that they should have precipitated either during the solidification or at lower
temperatures, in the solid state, as a result of thermal cycling due to the deposition
of successive layers.

500 nm

Figure4-4 Higher magnification micrographs of carbides in Fig. 4.3, a) region 1 showing
V(C, N) and b) region 2 showing Cr rich ¢2) and Mo rich (22) carbides
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Table4-1 EDS spot analysis results on points 1, 2dahin Figure 4-3 and Figure 4-4

Spot 1 Spot 21 Spot 22 Spot 3 Matrix

Wt% At% Wt% At% Wt% At% Wt% At% Wt%

C - 21.0 - 22.8 212 - - -

N 5.6 158 - - - - - - -

Si 0.7 10 0.6 1.0 12 2.1 0.9 1.7 0.8
\% 29.0 225 38 35 3.2 3.2 2.0 2.0 0.9
Cr 97 7.4 25.5 226 127 124 8.2 8.0 5.0
Mo 74 3.1 8.8 4.1 29.1 155 5.0 2.7 1.4
Fe 412 29.2 549 453 473 43.1 81.1 73.9 895

However, the second hypothesis seems to be unlikely since coarse carbides were
found in the topmost areas as well, which did not experience thermal cycling (see
Figure 4-1c-d). Finally, region 3 appearing brighter than the matrix was
characterizedby a high concentration of alloying elements (i.e., Cr, Mo, and V)
(Table 4-1); however, Carbon concentration was significantly lower than those of
carbides, which can also be appreciated qualitatively from elemental mapping in
Figure 4-3f, and therefore these regions can be characterized as Rab(e4-1).

EBSD analysis highlights that RA islands are preferentially located at the
cellular/dendritic boundaries Figure 4-5). These esults are in line with the
microstructural observations irFigure 4-3.

F|gure4 5 EBSD analysis results on AB sample, a) fs[mtter (FSD) microstructure image
revealing a cell boundary, b) corresponding band contrast image, and ¢) phase map,
martensite (red)austenite (blue)

Calculations of the norequilibrium solidification were carried out using the Scheil
model (Figure 4-6a), involving complete diffusbn in the liquid while no diffusion

33



in solid material. The primary solid phase, in this case, was set to austenite (FCC)
instead of delta ferrite as no traces of delta ferrite were evident the AB
microstructure. The simulation predicts the formation d¥1¢C, followed by the M:Cs

and finally MC-eta type carbides precipitation, where M@ta represents MC
carbides rich in V and Mo, at the end of solidification. The composition of these
carbides at the end of solidification (i.e., 0.99 mole fraction of solid)isted inTable

4-2. The results are fairly in agreement with those of experimental dafieable4-1).
However, it should be noted that due tmitrogen pick-up during deposition, MG
type carbides are expected to be replaced by M(C, N) carbonitrides. Moreover, one
has to note that the experirantal EDS spot analysis data represents a larger
interaction volume, especially in the case of fine carbides, which might include the
data collected from the surrounding matrix. The micrsegregation of alloying
elements resulting from norequilibrium solidification (Figure 4-6b) is also
responsible for the chemical stabilization of RA at the cellular/dendritic boundaries
because of lowering the marteite start (Ms) and Martensite finish (Mf)
temperatures.
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Figure4-6 a) Mole fraction of solid vs. temperature and b) mass fraction of alloying elements
in liquid vs. mole fraction of solid calculated usinthe Scheil model

To simulate the Ms temperature of the micrgegregated regions, firstly, the vol.%

of the micro-segregated areas was estimated by performing image analysis on five
SEM micrographs (se€igure 4-6a). The microstructure contained around 12+1
vol.% of micro-segregated regions with the exclusion of carbides (green areas in
Figure 4-7a). Afterward, the average amposition of the last 12 mol% of liquid to
solidify up to the point at which carbides start to form (i.e., 0.85 t©0.97 mole
fraction in Figure 4-7b) was consideredin the Scheil simulations. In these
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calculations, an austenite grain size of 5um was employed. As depicteBigure
4-7b, the Ms temperature of micresegregated rgions can be as low as 40°C, and the
transformation cannot be completed even at liquid Nitrogen temperaturd §6°C).
The nominal martensite fractions of H13 (i.e., matrix) vs. temperature is also
depicted for comparison.
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Figure4-7 a)lmage analysis revealing the area fraction of cellular boundaries and b) Ms and
martensite fraction modeling: micresegregated regions vs. nomin@spreyOsprey® H13
composition

Table4-2 Carbides chemical composition calculated by Scheil model

MsC M+Cs MC-ETA
Wt.% Mole% Wt.% Mole% Wt.% Mole%
(of 2.8 14.3 8.6 30.0 15.6 49.3
Si 1.0 21 - - - -
\% 5.8 6.8 18.2 13.0 49.7 36.9
Cr 2.8 33 30.3 26.8 - -
Mo 48.0 30.3 3.6 2.6 34.6 13.7
Fe Bal. Bal. Bal. Bal. Bal. Bal.

XRD analysis evidenced 10 vol.% RA in asbuilt steel (Figure 4-8), which is fairly

in line with the area fraction of the micresegregation at the intedendritic regions
(i.e., 12+2%). A cryogenic treatment (CT) at96°C on the AB sample led to a partial
transformation of RA to martensite (i
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in good agreement withthe predicted values irFigure4-7b. It should be noted that
below 2 vol.% RA is expected in the absence of miesegregation in an austenitized
and quenchedOsprey® H13.
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Figure4-8 XRD diffraction patternscollected from AB sample before and after cryogenic
treatment
4.1.2  Hardness profiles: Aduilt condition

Hardness profiles at the melpools alongthe building direction and three different
locations at the bottom, middle, anddp of the sample are presented Figure 4-9a
c, respectively.

=L
P
0 17 500 um

Figure4-9 Microhardness profile along melpools at a) bottom, b) middle and c) top of the
specimen

A considerable inhomogeneity of hardness can be observed across the melt pools,
which can be attributed to the different cooling rates at their top and bottom
positions. It has been demonstrated that the cooling rate (GR) increases from the
bottom to the top of the melt pool while G/R values decline in the same direction.
Therefore a finer microstructure is expected at the top zorj@58]. It is also
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noteworthy that the average values for microhardness of the sample at the bottom,
middle, and top of the sample's height were 61046, 665+4, and 730+4012V
respectively. This can be attributed to the partial tempering of the rapidly solidified
martensitic gructure in the bottom layers as a result of heat transfer from the above
solidifying layers. These features will be discussed further in sectibi.4 where
the tempering behavior of the material is describedThe local inhomogeneity of
hardness, as well as the nemniform hardness profile along the build direction,
might underline the need for homogenizing the microstructure through post
processing tlermal treatmentg70].

4.1.3 Austenitization and Quenching
4.1.3.1  Austenitization at 1020Cx 20 min

Some previousstudieson austenitization and quenching of laser powder bed fusion
(LPBF processed Hldad shown that austenitization at 1020C for 1530 min
would result in a fine-grained and fully martensitic microstructure. Considang
LPBFH13, partial recovery of the solidification structure and achievement of a fully
martensitic microstructure with a small vol.% of VC at the prior cell boundaries or
prior austenite grain (PAG) boundaries hae been documented[70]. The
dilatometry curves of quenching experiment®r LDED Osprey® H13 showedthat
the onset of martensitic transformation (i.e., Ms temperature) after quenching from
1020°C for 20 min was around 300 (Figure4-10a), which is higher than repoted
values forLPBFprocessed H13 (i.e5260°C) [70], this difference will be discussed
shortly in the current section. The quenched specimen did not contain any RA, and
the only detected phase by XRD quantitative phase analysis was martenBitpite
4-10b). Although peaks pertaining to MC and MCr [159], [160] carbides were
observed, quantitative analysis was not successful due to the very low vol.% of these

phases.
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Figure4-10a) dilatometry records for austenitization and quenching at 1020°C and b) XRD
diffraction pattern of the quenched sample
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As shown inFigure4-11a, the cellular/dendritic structure was still detectable in the
quenched sample.

50 pm

5um 500 nm

Figure4-11a) Optical micrograph of the Q1020°Cx20min, b) BSE, SEM micrograph showing
the cdumnar grain morphology, c) higher magnification BSE micrograph showing the V(C,
N) at prior cell boundary and precipitation of fine carbides, and d) higher magnification
micrograph showing fine carbides

Columnar prior austenite grains (PAGs), characteristic of th®ED process, were
observed at higher magnification SEM micrograph, indicating that the miero
segregations impede recrystallization, and recrystallization was not completed
during austenitization (Figure4-11b). Moreover, a larger number of vanadiusrich
carbonitrides containing Mo and Cr were found at the prior cells/dendrites
boundaries (Point 1 inFigure4-11c andTable4-3), which were slightly larger than
those in the AB samp@ (sedrigure 4-3a). Furthermore, precipitation of fine \trich
carbonitridesin the vicinity of coarse carbides was evident (Point 2 in Fig.9d and
Table4-3).

Table4-3 EDS analysis on particles marked by arrowskigure4-11in at.%

Spot C N \% Cr Mo Fe
1 23.2 15.9 42.0 6.0 2.7 10.0
2 24.8 16.0 37.3 4.0 1.0 15.9
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The microstructural observations and dilatometry records (i.e., high Ms
temperature) convey that at least part of the C and alloying elements (e.g., V & Mo)
contribute to the precipitation and/or coarsening of the carbides formed upon
solidification during soaking at 1020°C. Therefore, the austenite formed at 1020°C
contains less carbon and alloying elements the solid solution leading to an
increased Ms temperature recorded by dilatometry. Consequently, the martensite
formed upon quenching contains less and alloying elements in the supersaturated
solid solution.

One reason for the different responses to austenitization at 1020°QC.DED and
LPBFsamples can be related to the presence of the coarse carbonitridésarAB
state in the former, which wasnot observed inLPBF samples at least by SEM
analysig70]. This an be either due to the faster cooling rates in th&®BFprocessing
route compared with LDED suppressing carbides growth or the higher nitrogen
pick-up in the case ofLDED due to the less protective atmosphere. Nitrogen
decreases the solubility of the V(QY) in austenite compared with VJ161]. Since
V(C, N) is an equilibrium phase at the austenitization temperature ranffeé?2],
camonitrides might grow further during low-temperature austenitization by
Ostwald ripening and somehow grain boundary diffusion mechaniqi61], [163],
[164]. This process is aided by the localized miesegregation at the cellular
boundaries (i.e., RA islands), with a higher concentration of alloying elemerttgih
that of nominal H13 composition, acting as preferential sites for the precipitation or
growth of carbides. This becomes important during tempering where less available
C and alloying elements inside martensite lead to a smaller vol.% of fine secondary
carbide precipitates, resulting in lower achievable hardness in the technically
significant tempering range (i.e., 57&to 650°C) and thus lowering the tempering
resistance. Moreover, the growth rate of secondary V(C, N) in martensite is much
lower than that of VC[165]. Therefore, to exploit the positive effect of the N in V(C,
N), the dissolution of V(C, N) during austenitization through diffusional process

is beneficial since it gives rise to the precipitation of extremely fine secondary V(C,
N) during tempering, which leads to enhanced strengthening. The tempering
behavior will be discussed in detail in sectiof.1.4

4.1.3.2 Optimization of austenitization reatment

Obtaining a homogenized microstructure with the partial recovery of micro

segregation and partial dissolution of the V(C, N) via diffusional process requires
higher temperature austenitization treatments for longer times to enhance the
diffusivity of micro-segregated elements inside the matrix. For this purpose,
austenitization temperatures ranging from 1040 to 1100°C were used, and the
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soaking time was extended to 40 min. An additional austenitization treatment at
1200°C for 15 min was also peribed (Figure 4-12). The microstructure of the
guenched sample after austenitization at 1040°C was significantly different from
that of 1020°C Figure 4-12a). Some newly formed PAGs are evident. However,
some columnar grains are still detectable, and traces of misggregation
resembling the intercellular/interdendritic areas still exist and are marked by
arrows inthe inset. The microsegregation was molstrecovered at Q1060°C, while
grainswere slightly larger thanthe Q1040°C Figure4-12b). A full homogenization
seems to be achieved at 1100°C, where a fully eqadvgrained but coarser
microstructure is achieved Kigure 4-12c). Austenitization at 1200°C resulted in
abnormal grain growth Figure 4-12d). It has been shown that ifOsprey® H13,
with V: C ratios close to stoichiometric, significant grain growth occurs after the
full dissolution of VC, which is responsible for grain pinning aemperatures higher
than 1100°C[166]. SEM micrograph at higher magnification Rigure 4-12e)
revealed the martensite lath structure within fully equiaxed PAGs in Q1100°C.
Coarse V(C, N) were hard to find within the microstructure, and lanited number

of Mo and Crrich carbides were still detectedKigure 4-12f & Table 4-4), and
coarsening of lath martensite is also evident compared with that of Q102(FiQire
4-11c).
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1040 °
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Figure4-12 Micrographs of samples quenched from different austenitizing temperatures, a)
Q1040°Cx40min (OM), b) Q1060°Cx40min (Oic) Q1100°Cx40min (OM), d)
Q1200°Cx15min (OM, e) Q1100°Cx40min (SEM), and f) a higher magnification BSE
micrograph (insert showing Mo, Crrich carbide)

Table4-4 EDS analysis results on spots marked by arrows in Fig.10f, in at.%

Spot c cr Mo Fe
11 23.6 8.4 22.0 44.2
12 24.0 30.2 6.3 42.5
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The experimental Ms temperatures and hardness dgfaure 4-13) indicate that as

the austenitization temperature is increased up to 1060°C, the Ms temperature
decreases almost linearlyhile the quenched hardness increases linearlin
comparison to Q106°C, increasing the austenitization temperature to 1100°C
results in an increase in hardnessid a negligible drop in Ms. Byfurther increasing

the austenitization temperature to 120@, no obvious changes in Ms can be
observed, and the hardness increasge diminishes. The noticeable drop in Ms and
increased hardness levels can be correlated to the larger amount of C and alloying
elements inside parent austenite as a consequence of increasing the austenitization
temperature, leading to the dissolution ofthe carbides observed in AB
microstructure as well as recovery of the micrsegregation by diffusion. However,
from 1100°Conwards, the counteracting effect of grain growth, which increases the
Ms temperature and opposes the increase in the strength (hass) according tthe
Hall-Petch relation, becomes evident. This isonsistent with microstructural
observations ad diminishing the pining effect of V(C, N) due to their dissolution.
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Figure4-13Hardnes and Ms temperature vs. austenitization temperature

The obtained results are fairly ifine with the Ms simulations carried out by
Thermocalc Figure4-14).
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temperatures, b) corresponding martensite fractions, and Ms temperature modeling results

In these simulations, RG size was derived from a set of optical micrographs similar
to those in Figure 4-12. Moreover, austenite composition inthe equilibrium
condition at the given austnitization temperature was considered. The alloying
content of the equilibrium austenite increases by increasing austenitizing
temperature as a result of the dissolution of VC carbides. Since at a given
temperature the equilibrium VC phase (i.e., maximunpossible vol.%) is considered
to form, Ms temperatures calculated by simulations are slightly higher than those of
experimental values, with the exception of austenitization at 10D The reason
can be due to the precipitation or growth of a considerablel.% of carbides from
the highly alloyed RA (i.e., micresegregated areas) or readily precipitated carbides
during the solidification process, respectively.

Considering the microstructures, Ms temperatures, and the quenched hardness, it
can be concludedhat the optimum homogenization might be achieved somewhere
between 10601100°C. However, since coarse grain size is known to be detrimental
to toughnesq166], temperatures closer to 108Care suggested.

4.1.4  Tempering Curves

4.1.4.1 Isothermal Tempering

The tempering curves foDT, Q1020CT, and Q1060C-T specimens are depicted
in Figure 4-15. Single hardness data for the CTT, as well as QX1dU, both
tempered at 600C, are also included for comparison.
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Figure4-15Tempering curves for thd.DED Osprey® H13 specimens.

The starting hardness ahe asbuilt material extracted from the middle regions of
the printed part is around 650 HV1. The AB sample contains up to 10% RA, softer
than martensite, and coarse carbides, which reduce the amount of alloying elements
in supersaturated martensite. Therefer the observed high hardness can be
attributed to the extremely fine martensite substructure and high dislocation
density as a result ofapid solidification [167]. In the case of quenched specimens,
as discssed earlier, the starting hardness of Q106(i.e., 685HV1) is higher than
that of Q1020C(i.e., 630HV1).

A secondary hardening peak is found at 500°C in both sets of quenched samples,
comparable to those reported in the literature for sintered orrfyged H13168], [169]
Above the secondary hardening peak temperagjisecondary carbidgzrogressively
coarsen, and dislocation recovery occur3his leads to a gradual decrease in
hardnesq168]. The hardness of Q1060°T is systematically higher compared with
Q1020°CT in the whole tempering range except for 72C. This behavior can be
ascribed to the higher C and alloying elements in supersaturated martensite in
Q1060°C. The higher available C and alloying elements give rise to a larger number
densin} gnd ol of precipiated carbides during tempering (especially
secondary M(C, N)), leading to increased hardness and consequently enhanced
tempering resistance. At tempering temperatures over 650°C, the difference
between hardness values becomes smaller. This is due to aenmonounced
dislocation recovery, coarsening of the martensite lath, and coarsening of the alloy
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carbides by Ostwald ripening mechanisiii70], [171] It is worth mentioning that
the hardness of the Q11002T (2x2h-600°C) is equal to that of Q1060°Tin the
same tempering scenario. This reinforces the discussions on Ms observattoggre
4-13), where Ms temperatures were not significantly different in the austenitization
range of (1060 to 120@). Therefore, given the finer grain size of Q1060°C, which
can improve the toudpness, it appears that the optimum austenitization temperature
and time can be-106C0°Cfor 40 min, even from a tempering resistance perspective.

The secondary hardening peak ithe direct tempering condition is much stronger
than those of quenched partsnd the secondary hardening temperature is shifted
to higher temperatures (i.e.;520°C). The tempered hardness of tHeT samples in
the whole technically significant tempering range is higher than those of quenched
and tempered counterparts leading to asificantly enhanced tempering resistance.
Hardness approaches those of quenched counterparts at@20

In previous works onLPBFH13 [67], [70], [167] the increased hardnessfronger
secondary hardening peak, and the shift of this peak were attributed to two main
factors;

1. Highly alloyed RA " ®  decomposed to carbides)( and low alloyed
austenite [ ** ®  during the 1%t cycle of tempering (Eq4-1), low alloyed
austenite was then transformed to fresh martensite by cooling to room
temperature (Egq4-2), contributing to the increased hardness of the parts.

rt o™ ® 0 (Eq.4-1)
P ®ogh (Eq.4-2)

The decomposition of RA and subsequent martensitic transformation in AB samples
during the first tempering cycle was also studied with the aid of dilatometrigure
4-16a). By increasing the tempering temperature, the Ms temperature increases
while the expansion due to martensite transformation decreases. This can be
explained by the increasing vol.% of carbidergcipitation from RA by increasing
the tempering temperature as a result of enhanced diffusivity of the alloying
elements causing a larger depletion of C and alloying elements in RA &gel-1).
Consequently, the transformation shown if ™ ®o | h (Eq.

4-2 takes place at a higher temperature with a lower expansion. Iteigident that

the austenite decomposition is not completed at 500 and %20so a partial
martensitic transformation is possible upon cooling. A full RA decomposition is
observed at 72TC, where no more visible expansion upon cooling was evident.
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For descibing the shift in the secondary hardening peak, Koistinen and
Marburger's (kM) empirical equation(Eq.4-3) was plotted on semilogarithmic
coordinates Figure 3-5b) [172].

“Yn NO i
K-M equation correlatesthey o1 . % of retained austeni
the lowest temperature reached during cooling, 20in current experiments). It

can be observed that the vol.% of RA after the first tempering cycle at 306

only around 50% of the initial content (ie., 5 vs.10 vol%), while at 520 and
550°C, the majority of RA (i.e.,70 and 80 vol.%, respectively) can be transformed

to fresh martensite. A full transformation is expected at higher tempering
temperatures. By looking at the dilatometry curves$-igure 4-16a), it is evident

that the resultant expansion due to martensitic transformation after 52D
tempering is significantly larger than that of 55T. This simply means fresh
martensite formed bycooling from 520C is more supersaturated in C and

alloying elements, which contributes more effectively to the secondary hardness
peak during the second tempering cycle.

©w Agbppmopr Oi YR g Td (Eq.4-3)
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Figure4-16 a) Cooling curves after the first cycle of tempering (2k°C) forDT, Ms
(Martensite finish temperature), and b) vol.% of RA calculated by M empirical equation
after first tempering cycle ( 2hx°C) forDT

The strengtheningeffect of RA decomposition during tempering can be recognized
better by looking at the tempered hardness of the CTT sample with much lower RA
(Figure4-15). The hardness is lower than that of thBT sample, implying that RA
decomposition during tempering contributes to the hardness increase more
significantly than that of transformed to marterige by cryogenic treatment before
tempering.
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2. Enhanced hardness in directly tempered samples was also ascribed to the
extremely fine martensite sukstructure and high dislocation density in the AB
material. Subgrain boundaries of the martensite are the rjo& obstacle against
the gliding of mobile dislocations[170], [173] In fact, the subgrain
strengthening is the highest strength component for the tempering range up to
600°C [170]. Moreover, martensite swuistructure boundaries (i.e., lath
boundaries) and dislocations pieps serve as preferential nucleation sites for
seconday carbide precipitation [174]. The larger number of sulgrain
boundaries in the directly tempered samples might lead to therger number
density and finer carbide size within the martensitic matrix.

To summarize, in the direct tempering experimentshe decomposition of highly
alloyed RA, high dislocation density, and fine martensite substructure significantly
enhance the hatiness and tempering resistance bDED- Osprey® H13 over the
quenched and tempered counterparts within the whole technically significant
tempering range. The RA decomposition contribution to strength at 6WD
tempering scenario can be simply derived by the difference between the hardness
ofDT(10 vol.% starting RA) and ~-®HV(idg, O
580 HV vs. 530 HV). On the other hand, at the same tempering temperature (i.e.,
600°C), the dfference between Q1060°T and CTT (i.e., 505 HV and 530 HV,
respectively) accounts for the hardening by the higtlislocation density and fine
sub-substructure, characteristic of th& DED process. However, this contribution
might be somehow underestimatedas the effect of the presence of coarse
solidification carbides in the CTT sample and their smaller vol.% in Q1060°C
samples is neglected.

4.1.4.2 TemperedMicrostructure

At 500°C, the tempered microstructure of theDT sample is characterized by the
presence ofprimary carbides on the prior cellular boundaries, which seem to be
intact (arrows in Figure 4-17a). The carbides inside the matrix are extremely fine.
At 650°C tempring, the cellular boundaries are replaced by an interconnected
network of carbides, another indication for the decomposition of RA, and carbides
precipitation within the martensitic matrix is also evident Figure 4-17b). By
increasing the tempering temperature to 720°C, carbides become coaiSigule
4-17c), in line with the hardness drop observed ifigure4-15.
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Figure4-17 SEM micrographs of a) D'600°C, b) DT-650°C, ¢) DT-72C0°C, d) Q1020C-
T500°C, e) Q1020C-T650°C f) Q1020C-T 72C°C, g) Q1066C-T 500°C, h) Q1060C-T650°C),
and i) Q1060C-T 720°C

In Q1020°GT, tempered at 5080C, undissolvedsolidification carbides on prior cell
boundaries areevident (arrows in Figure 4-17d). The size of the solidification
carbides did not change compared to the quencheample. Coarsening of the
secondary carbides by increasing the temperature to 86& evident Figure4-17e).
Further coarsening occurred at 72Ctemperings (Figure4-17f). In Q1060°CT, the
number of primary carbides seems to be decreased (arrows-igure 4-17g). In
particular, V(C, N) (white particles in secondary electron micrograpkgyure4-17a,

d &g) are dissolved. Carbide epsening by increasing the tempering temperature is
evident (Figure 4-17h-i). Moreover, the martensite substructure is coarser in
Q1060°CT compared with Q1020°€T because of the higher austenitization
temperature.Generally, carbide size within the martensitic matrix is finer in DT
samples than inthe quenched counterparts (e.gFigure 4-17b, e & h). This is
consistentwith hardness measurements and previous discussion the effect of
extremely fine subgrains on the size of secondary rtéde precipitates.
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4.1.4.3 Isochronal tempering: Tempering kinetics

In order to better understand the tempering behavior and hardness differences,
Isochronal tempering experiments were performed on samples. These curves can
give clear indications of the temperingesponse of the samples with different in

situ as well as posprocessing thermal historiesRjgure 4-18).
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Figure4-18 isochronal tempering curvegheating rate 13C/'min)

The dilatometry curves during heating of both quenched specimens show an
evident contraction (peak 1) between RT and 300 corresponding to the
precipitation of transitionc ar b i d e s in(thé firdf stage optenmparingThis is
followed by one more contraction (peak 2) between 400 ar®0C°C, which is
related to the transformation/ precipitation of MC carbidesin the third stage of
tempering[175]. The 3¢ and most intense contraction starts a620°C. In quenched
samples, the 8 contraction can be representative dhe precipitation of secondary
alloy carbides from martensitén the fifth stage of tempering(i.e., M2sCs, M7Cs, MC,
and MC/MsC) [67].

Looking at the 3¢ contraction for Q1060°C, the isdwonal tempering curve clearly
shows a peak split. This is the effect of Curie temperature, causing an expansion at
~720°C. The split can also be appreciated in Q1020°C; however, the intensity of the
contraction after the Curie point is significantly lowerthan that of Q1060°C,
implying that the 3¢ contraction has a higher intensity in Q1060°C.
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As elaborated by Theisen and Eser et @7], [170], the maximum volume fraction

of metastable Merich M2C (and/or equilibrium MeC) and MGtype Vanadium rich

alloy carbides is achieved at a later stage of isothermal tempering range (i.e., 600 and
650°C, respectively). As discussed above, given the considerable vol.% of
undissolved coarse carbides & carbonitrides containing V and Mo in Q102008
reasonable that the intensity of the '3 carbide precipitation peak in this sample
becomes smaller than that of Q1060°C. More precisely, in the Q1020°C sample, less
available V and Mo in supersaturated martensite lead to smaller vol.% of M(G, N)
type Vanadium rich secondary carbides. Therefore, the larger peak intensity in
Q1060°C can be considered as a representatifza larger vol.% of secondary M(C,

N) precipitation. For tempering temperatures of 600 to 680 the secondary MC
and/or M(C, N), which show the highest resistance to coarsening, have the largest
contribution to the overall yield strength and hardness in H13 stegl70].
Therefore, isochronal tempering curves could further explain the origin of the
higher tempered hardness of Q1060°TC in the whole technically significant
tempering range.

In the case of the AB sample, extracted from the middle to bottom part of the LDED
Osprey® H13 (asbuilt bottom), the isochronal tempering curve is characterized by
a less intensesicontraction peak. The second peak (peak 2) is missing in this curve,
while the 3 contraction peak is almost identicalo those of quenched samples.
Similar behaviorhas been documentedn LPBFH13 [70]. The lower intensity of
peakl andthe absence of peak 2 can be discusggden the multiple thermal cycles
LDED Osprey® H13 undergoes during the build process (IHT). It seems that early
stage tempering has been partially accomplished already during the build process as
a result of hermal cycling. A recently published research by Zhao et fl76] clearly
demonstrated the insitu-precipitation of Cr-rich nano-sized carbides{50nm) and
partial tempering of martensite in themiddle and bottom layers (i.e., layers
subjected to the most intense thermal cycling) in LDEDsprey® H13. One has to
distinguish the carbides precipitated by lovtemperature intrinsic heat treatment at
low temperatures and coarse carbides formed durindidification at the micro-
segregated regions of the AB part. The formers are named and cannot be
detected by SEM. The'8contraction peak is representative of the secondary alloy
carbide precipitations either from martensite or RA in agreement withldtometric
and microstructural studies in sections 3.4.1 & 3.4.2.

Interestingly, the isochronal tempering behavior of the dilatometry sample
extracted from the top region of the abuilt part (asbuilt top) shows three distinct
peaks similar to those afjuenched parts. The top layers of the built sample are the
ones that have not experienced successive thermal cycling. This conveys the fact
that those areas are only subjected to fast cooling. This can explain the emergence
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of low-temperature transformatio events during isochronal tempering, which
further explains the higher asbuilt hardness of top parts shown in section 3.2. The
3 contraction peak is still less intense compared with that of Q1060°C, meaning
that coarse solidification carbides exitingniAB microstructure reduce the available
C and alloying elements for the precipitation of secondary carbides during
tempering. These results highlight that in order to get a uniform hardness profile
alongthe build height after direct tempering, thesamples should be tempered above
the secondary hardness peakhis can ensure that the entire material is subjected
to tempering at a temperature higher than what the bottom and middle layers
experience locally during the LDED proces3his was clearly cofirmed by the
previous workson laser powder fusion processed H{&0].

4.1.5  Fracture toughness

Two different tempering scenarios were selected so as to achieve a target hardness
of ~500HV1 for the QT and DT samplesAs discussed irthe previous section, in
order to achieve the same hardness values, theba#t specimens wee directly
tempered at slightly higher temperatures compared to their quenched counterparts,
i.e., at 625°C and 600;@espectively

S5 pm

Figure4-19 SEM micrographs of specimens a) 82%C and b)QT-600eC

It can be observed that for the DT specimens, RA at the cellular boundaries is
decomposed into secondary carbides (arrows figure 4-199). Moreover, the
precipitation of secondary carbides within the martensitic matrix is evident. While

in the QT specimens, the cellular structure has been eliminatard the coarse V(C,

N) carbides have been dissolvedlpon tempering, the secondary carbides are
distributed along the nartensite lath boundaries and on the PAGBs (arrows in
Figure4-19) and are significantly less interconnected than in DT. It can be clearly
observed that the temper martensite microstructure, i.e., the size of laths within
the martensitic matrix, is significantly finer in DT samples than thah QT ones.
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Results of the fracture toughness test are presented a@ble4-5.

Table4-5 Hardness and apparent fracture toughness values for the DT and @gEisnens

Sample Hardness Kapp
(HVYD (MPa.m?)
LDED Osprew H13-DTg 490 +5 70+1.8
LDED Osprew H13-QTqQ 491+4 89+3.8
LPBFH137 QTq [177] 460 £ 5 67.5+2.8
HIP H13- QTq [178] 4201 75+1.0
Wrought H13-QT [179] 450 + 10 *Kic = 66

Q Notches perpendicular to the build plate

It shall be mentioned that the notch root radius in the praotched samples realized
by W-EDM is higher than the standard pr& r ac k e d ¥ @), wipidh leads t¢ 0
lower stress concentration at the notch tip andn increased plastic zone radius at
the cra tip. Therefore, the critical stress intensity factor is generally higher than
that measured for a preracked sampleand an apparent fracture toughness value,
Kapp, is reported instead of K[177]. It could be proved that the larger the notch tip
radius, the higher Kppthan Kic [180]. The apparent fracture toughness vador DT
(70 + 1.8MPa.m2) was smaller than that of QT specimens (89 + 3/a.mt?2), but

it is still comparable to the values for powder metallurgical andPBFH13, as well
as the wrought product and tempered to slightly lower hardness levels.

The crackpropagationpathsand fracture surfaces are depicted Figure4-20.

Figure4-20 LOM images from fracturgpaths for a) DT and b) QT specimens
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The crack propagation in DT is generally trangranular. However, crack
propagation along the cellular/dendritic boundaries is also evident (shown by
arrows). The cellular boundaries are hard to distinguish from the PA@se to the
similar response to chemical etching. The intercellular fracture is plausible because
the cellular boundaries are characterized by a large density of interconnected
networks of carbides that are harder than the matrix, and their coherency withe
martensitic matrix reduces by tempering at high temperatures. The dense grain
boundaryl/intercellular precipitation of carbides is the main cause of the lower
toughness of DT compared to QT. Moreover, PAGs are elongated parallel to the
crack propagationdirection in DT samples Figure 4-20a), and crack propagation
may easily occur along this direction withoutleviationsor branching phenomena
promoting toughening[5,13]. Whereas in the QT samplehe fracture path seems

to be solely dominated by a trangranular fracture Figure 4-20b). The PAGs are
equiaxed because of austenitization treatment leading to recovery and
recrystallization.

The fracture suface of DT samples is governed by cleavage facets with just very
limited and localized plasticity (see small micrgoids in the inset ofFigure 4-21a).
Moreover, traces of the fusion line (melt pool boundaries), caused by the partial
remelting between two successive layers, were evident in the DT samples and are
highlighted by yellow arrows in Figure 4-21a. This could probably cause a crack
deflection as observed in fracture path imageSidure 4-20a). In QT samples, the
fracture surface indicate® morequasicleavage behavior, with the presence of a
larger density and finer distribution of dimples on the fracture surface (see inset in
Figure4-21b), which is typical in quenchedand-tempered steel§182].

500 pm

Figure4-21 SEM images from fracture surfaces for a) DT and b) QT specimens
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4.1.6  Tempering resistance

The temperingresponsef the DT and QT samples at 600°C and 65@f€presented

in Figure4-22. Asdiscussed irsection4.1.4 the tempered hardness in DT samples
at temperatures higher than the secondahardening peak is always systematically
higher than that of QT samplesMoreover, after the secondary hardening is
reached the difference betweenthe hardness of DT and QT igelatively constant
(i.e.,~50HV) at any tempering temperature. Tis systematically higher hardness of
DT specimenswas ascribed to the finer martensite substructure and larger defect
density (e.g., dilcations) in rapidly solidified material. These pair of samples (i.e.,
(DT500 HV, QT500 HV), and (DT420HV, QT420 HV)), each having the same
starting hardnessare tempered well above the secondary hardening temperature
(i . e. , Thé 6@iflodaficd yeovery is almost completet these temperatures
and the secondary carbides are already precipitated in the tempered martensite
matrix. Therefore, any differences in the thermal softening behavior can be
theoretically ascribed to the martensite substructusize and resistance to carbide
coarsening.

The starting hardnesgor the samplesvas~520 HV1. At 600°C, a substantial drop

in hardness to 475 HV1 after 5h is observed for both samples. This is attributed to a
drop in dislocation density of the lath martesite in theinitial stages of the te$1.83].

For longer tempering times, the softening rate decreases for both samples,
particularly for DT. The hardness of DT decreased to 460 HV1 after 40h, while that
of QT to 425 HV1, confirming the higher tempering resistance after direct
tempering. Clearly, this result has to be directly correlated to the higher tempering
temperature used for DT (625°C) than QT (600°C) and the higher thermal stability
induced. At 650°C, the hardnesdrop in the early stages of tempering is even more
pronounced. After merely 1hthe hardness declines from 520 HV1 to around 460
HV1 for both samples. At 5h, the difference in hardness for DT and QT samples
becomes more evident. The DT sample (425 HV1) is showing significantly higher
temper back resistance compared with QT390 HV1) The hardness difference
between DT and QT increases up to 20h, then remains constant for longer soaking
times: after 40 hthe hardness is 36BIV1 and 300HV1 for DT and QT, respectively.
Hence, the higher tempering resistance of DT can be confirmed e\a a rather
high temperature, in line with the tempering curves showing that the hardness of
the DT remains higher compared with QT up to temperatures exceeding 700°C. At
higher temperatures (i.e., 650°C vs. 600;@je kinetics of dislocation recovery iad
carbide coarsening are faster. Moreover, except for fine and stableichi MC
secondarycarbides which are present at both tempering temperatures, at GfD),
needlelike Mo-rich M2C, and Crrich M+Cs have the highest phase fraction among
alloy carbides,while at 65C Crrich M23Cs, at the expense of NCs, is the
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prevailing type of carbide, and by increasing the soaking time (i.e., moving towards
equilibrium), this transformation becomes even more pronouncé¢ti70]. Given the
considerably higher coarsening rate of &Cs, their contribution to precipitation
hardening becomes less effective, and hence the hardness declines more severely.
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Figure4-22 a)Tempering resistance as hardness vs. holding time at 600°C and 650°C for DT
and QT specimengb) hardness vs.-M parameter

One of the most wellknown numerical relationships to estimate the hardness of
various alloy steels after tempering is the Hollomaiaffe equatiofi84] (also
generally known as the Larsoiiller equation[185]). The general form of the
p 1, where T is tempering parameter, T is
temperature (Kelvin), t is tempering time (h) and C is a constant parameter

equation is"Y "Ya € "Q0

depending on

t he

mater.i

al , whi

ch

for | 0\

generally considered as 2086]. By plotting the hardness numbers againshe
LarssonMiller parameter and looking at the slope of the fitted lines, it is evident
that DT samples systematically show a significantly higher tempering resistance
compared to their QT counterpartgFigure 4-22b). For instance, the DT50HV,

after soaking for 40h at 650°C, shows a hardness380 HV1, while this value drops

to 301 HV1 for the QT50CHYV. This condition holds for the amples with a starting
hardness of 420 HV1 as well (i.e., DT42L/ vs. QT420HV, seethe set of data points
marked as i). Similar behavior can be observed for the samples soaked at 600°C, up
to 40h (i.e., set of data points marked as ii).

It has beendemn st r at ed
not affect the martensite lath size significanthf187]. The governing softening
mechanism observed in prolonged soaking times is mostly related to the
coarsening/transformation of the fine secondary carbidd83]. This depends on the
carbide type and initial carbide size.

t hat

tempering

temperatu
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Microstructure in DT samples can be divided into two zones (i.eell boundaries,
and matrix, as shavn in Figure 4-23a), while the QT shows a more uniform
microstructure.

Figure4-23Microstructure of the a)DT50HV, and evolution after 40 h isothermal
temper i ng at c¢c) 600eC, e) 6 5HYeardgvolbtipn afrer 40 ost r u c |
isothermal tempering at d) 600eC, an

The presence of V (C, N) carbides is also highlighted in both sampleshinDT
sample, the decorated carbides on the priozell boundaries seem to be
interconnected and coarser than those within the matrid.ath boundaries are
known to be the preferred sites for carbide precipitation. Given the finer
substructure (lath size) and higher initial dislocation density in DT samplesfiner
distribution of small and stable secondary carbides was observed within the matrix
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compared with QT counterpart, excluding the ones precipitated on the intercellular
boundaries Figure4-23c and d, after holding at 600°C, 40h). The situation is more
evident at 650°C after 40hKjgure 4-23e and f), where the carbides within the
martensitic matrix are finer in DT compared with the QT. Therefore, one probable
reason for the better tempering resistance of the DT samplekich is also reflected
in the tempering curves Figure 4-15), can be related to the high initial dislocation
density and finer lath size leading to the precipitation of fimesecondary carbides in
the martensitic matrix by providing a larger number of the energeticalfavorable
sites for their precipitation.

As a remark, it has to be mentioned that the role of Midch carbides and V(C,N),
extremely resistant to coarsenings very significant in terms of thermal softening
resistance [166]. The asbuilt material contained a large number of coarse
solidifications V(C, N) on the cellular boundaried-{gure4-3a). These carbides were
partially dissolved during the austenitization treatment (séegure4-12f). This leads
practically to a larger population of the fine and stable secondary V(C, N) after
tempering. The absence of fine vanadium carbonitrides can counteract, at least
partially, the positive effect of the fine substructure size in DHowever, a detailed
analysis of the carbide type within the martensitic matrix and the ones precipitated
on the cellular boundaries is ongoing. The locally higher concentration of alloying
elements on the cellular boundaries, due to the microsegregatioright affect the
kinetics of carbide precipitation compared with a homogenized material.

Tools in H13 experience high temperatures during service. Examples can be hot
forging or die-casting diesAlthough the exposure time for some applications may
be brief, the cumulative effect over a lengthy period of time throughout service
requires the use of materials with enhanced resistance to tempering at elevated
temperatures.Given the acceptable fracture toughness measured by DT and its
outstanding tempering reistance compared with the QT counterpart, direct
tempering is considered a promising and more casdfective heat treatment
schedule for additively manufactured H13 using lasbased technologies. This is
further confirmed by the improved thermal fatigue esistance of DT if compared
with QT [21].

4.1.7 Conclusions

1 LDED Osprey® H13 showed a cellular/dendritic solidification structure.
Microstructure comprised martensite, RA~10 vol.%), primary V(C, N),
and Mo, Crrich carbides. RA and carbides were found on the
intercellular/inter -dendritic areas characterized by a heavy miero
segegation of alloying elements.
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Non-uniform hardness along the building direction was evidenced. This
was ascribed to the thermal cycling, causing heat transfer from the
solidifying layers to the readily solidified ones leading to the partial
uncontrolled tempering of bottom layers (intrinsic heat treatment). This
was further supported by isochronal dilatometry tests.

The conventional heat treatment involving austenitization at 102G for

20 min was not suitable for recovery of the micrgegregation and chides
dissolution.

The redissolution of solidification carbides by highemperature
austenitizing is necessary to improve the precipitation of
carbides/carbonitrides and secondary hardening during tempering.
Austenitization at 1100C for 40min allows a rear fully homogenized
microstructure by the elimination of most of the micresegregations, the
partial dissolution of coarse carbides, and significant grain coarsening.
Austenitization at 1060Cfor 40 min led to acceptable homogenization of
the microstrudure, enhanced tempering response, and grain size.
Maximum hardness within the whole technically significant tempering
range was achieved by direct tempering of the-bsilt material. The
secondary hardening peak was shifted to a slightly higher temperatur
compared with quenched counterparts (i.e-,520 vs.~500°C) due to the
higher amount of RA, the higher dislocation density, and the finer
martensite substructure in AB condition.

Regarding the tempering results, direct tempering seems to be the most
effective postprocessing thermal treatment for th& DED Osprey® H13
from the strength (hardness) perspective and increased temper resistance.
However, two aspects should be taken into consideration. Firstly, the
interconnected network of hard carbides form@& on the prior
cellular/dendritic boundaries might be harmful to fracture and impact
toughness as well as fatigue strength because they might serve as
preferential sites for crack initiation and propagation. Secondly, the
inhomogeneous microstructure andan-uniform hardness along the build
direction might not be fully recovered by direct tempering. A solution for
the latter might be the application of modified deposition strategies to
homogenize the effect of thermal cycling across the build height.

DT sanples generally demonstrated higher hardness than QT samples
tempered at the same temperature due to the finer martensite substructure
and the decomposition of about 12% retained austenite during tempering.
QT samples show higher fracture toughness in comigan to DT at the
same reference hardness (490 HV1). This was attributed to the more
homogeneous microstructure and the deteriorative effect of densely
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populated secondary carbides on the cellular/dendritic boundaries.
Nevertheless, the fracture toughnessf the DT samples was still
comparable to the wrought H13 afteheat treatment.

1  Tempering resistance strongly depends on the heat treatment schedule.
Direct tempering led to improved tempering resistance due to the
contribution of finer martensite substructuredeading to a finer
distribution of alloy carbides. The lower softening dDT is extended up
to 40 h at 650C.

4.2 X35CrMoMn7-2-1 tool steel

PLASweld Ferro55 (X35CrMoMn#2-1) isa steel gradaeleveloped by Voestalpine
Bdhler, designed initially for hard surfacing by plasma spraying. Recently, some tool
manufacturers have suggestedethidea of expanding its applications by producing
components through LDEDdue to its better processabilitgompared with some of
the well-established tool steels, e.g., HLB8]. To the author's best knowledge, no
systematic study on the heat treatment of ANFerro55 is available in the literatue.

In the current section the microstructure, tempering behavioy mechanical
properties and tempering resistance dhis gradeareinvestigated, consideringwo
different heat treatmentstrategies

421 Microstructure of LDED Ferro55

The asbuilt microstructure of samples visualized by LOM is presented kigure
4-24a and b. The dendritic/cellular structure can be observed within the melbols
The dendrites' growth direction is normal to the melt pool boundaries (solldjuid
front), which is opposite b the local heat flow direction at mekpool boundaries.
Moreover, the presence of solidification carbides on the intercellular retained
austenite (RA) was evidencedr{gure 4-24c).
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Figure4-24 a) LOM of few meltpools, b) cellular/dendritic structure, c) SEM micrographs of
asbuilt sample presenting RA and solidification carbides, EBSD analysis resuft AB
sample, d) FSD microstructure image, €) phase map revealing retained austenite and f) IPF
map of martensite

The chemical composition of the two spots on the matrix (1) and the intercellular
region (2) are presented iffable4-6. It can be observed that the intercellular region
is enriched in Cr and Mo. The micresegregation of alloying elements to the
cell/dendrite boundaries occurs due to solutgartitioning in liquid and limited
solid-state diffusion during fast solidification that lowers the martensite start €/
temperature and stabilizes retained austenite (RA). The EBSD phase rRajuie
4-24e) clearly shows the distribution of the RA on the cellular boundaries. The IPF
map Figure4-24f) highlights the fine martensitic microstructure.

Table4-6 EDS Spot analysis results on spots markedrigure 4-24c

Composition inwt.% Cr Mn Mo Si Fe
1 6.9 1.0 2.0 0.4 Bal.
2 8.7 1.1 3.8 0.4 Bal.

The results of XRD analysigFigure 4-25a) shows ~10 vol.% RA for the asbuilt
material in line with metallographic investigations, whilefor the quenched sample
(1000°C, 40min) no RA was detected(i.e. below 2 vol.%) The quenched
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microstructure excludes the solidification structure featuredue to the
microstructural homogenization and elimination of micresegregation by diffusion
at the high temperature(Figure 4-25b).

a) )
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Figure4-25a) XRDdiffraction pattern for the AB and quenched LDED Fe55, b) SEM
mi crograph of guenched microstructure

Preliminary calculations of the norequilibrium solidification were carried out
using the Scheil modelKigure 4-26a), considering complete diffusion in the liquid
while no diffusion in solid material. Similar to the case of H13, since no traces of
delta ferrite were evident inthe AB microstructure, the primary solid phase was set
to austenite (FCC) instead of delta ferrite. The simulation predicts the formation of
Cr-rich M7Cs, followed by the precipitation ofMo-rich MeC.

a) b)

50

— uqup
. LIQUD +FeC_AL
—  LIQUD +FCC_AL +17€3_D101
LIQUID + FCC_AL + M6C_ES3 + M3C3_D10L

40

1350 o

1300

Temperature [°C]

20

1250] [ .

. Equitbrum
— ueum

—  LIQUD +FCC_AL

—  LIQUID +FCC_AL +M7C3 D101

Cr

1200 Mo

LIQUID +FCC_AT + MSC_E93 +M7C3_D101 \ —

Mass percent of all components in LIQUID

C
-
1150

0
00 01 02 03 04 05 06 07 08 09 10 00 01 02 03 04 05 06 07 08 09 L0

A Mole fraction of solid A Mole fraction of solid

Figure4-26 a) Mole fraction of solid vs. temperature and b) mass fraction of alloying
elements in liquid vs. mole fraction of solid calculated using the Scheil model
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The micro-segregation of alloying elements resulting from neeaquilibrium
solidification (Figure4-26b) is in accordance with EDS analysi§dble4-6) and can

be considered as the cause of the chemical stabilization of RA at the
cellular/dendritic boundaries due to lowering the martensite start (Ms) temperature.

4.2.2  Dilatometry studies on LOED Fe55

The dilatometry curves of quenching experiments showed that the onset of
martensitic transformation (i.e., Ms temperature) after quenching from Q@ C for

20 min was around 23%C. The Ac and Acs temperatures were 790C and 860C,
respectively Figure4-27a).
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Figure4-27 a) dilatometry records for austenitization and quenching at 1000°C, and b)
i sochronal temp@min) ng curves (0l1l5

Dilatometry curves for both quenchedand AB specimens show arevident
contraction (peak 1) between 100 and 250°€yrrespondingto the precipitation of
transition carbides.This is followed by another contraction (peak 2) between 250
and 300C, associated with the transformation/precipitation of MC carbides. The
third and strongest contraction begins around 650, which is indicative of the
formation of secondary alloy carbides from martensite (i.e.,28@s, M+Cs, and
M2C/MeC)[189]. The split in the third contraction peak is due to Curie temperature,
which causes an expansion a7 70°C.

Comparing the curves for the AB specimen with the quenched one, one can realize
that the first two peaks arevidently less intense. This again implies thatékelow-
temperature precipitation events have already happened due to the IHT intrinsic to
the layerwise nature of the LDED. While the third peak relating tothe
precipitation of alloy carbides at higheremperatures is almost identical for the two
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specimens since the previously solidified laysato not reach and remaimt this high
temperature upon deposition of successive layers.

423 Temperingbehaviorof LDED Fe55

Tempering curves for the direct temperingDT) and quenching and tempering (QT)
heat treatment schedules are depicted figure 4-28Figure 4-28 Tempering curves
for the LDED Fe55 for the QT and DT schedules.
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Figure4-28 Tempering curves for the LDED Fe55 for the QT and DT schedules.

The asbuilt hardness was 670+12 HV1, while for the quenched samplewas
increased to 730+%V1, which can be attributed to the elimination of softer RA.

The QT scheduleshowsa very slight secondary hardening effect at-475°C due to

the precipitation of Crrich M+Cs carbides andMo-rich M2C carbides[189]. At
higher temperatures, CrCs nucleates at PAGBs and martensite lath boundaries
these carbides have higher coarsening rates and cause a continuous softening by
increasing tempering temperatuf@90], [191] In the directly tempered samples, a
more pronounced secondary hardening peak wash s er ved at 500ecC.
mainly attributed to the decomposition of enriched RA and its transformation to
fresh martensite and carbides during the first tempering cycle playing a role in an
apparently enhanced temper resistance at higher temperature®T sampleg83].
Similar to the QT scenario, the hardness drops continually upon increasing the
tempering temperature as a result of the reduction in dislocation density and
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coarsening oflloy carbides. The hardness in DT is kept slightly higher than the QT
at temperatures higher than the secondary hardening pedarstly, this can be
attributed to the decomposition of RA and the formation of fresh martensite in the
AB specimensFurthermore, the finer martensite substructure of AB samples, as
compared with thoseundergoingaustenitization and quenchingmay contribute to

a finer distribution of secondary carbides with a highelumberdensity. This is more
evident at very high tempering tenperatures (over 600°C), where the softening is
mainly governed by coarsening of the carbidé®©stwald ripening). This further
emphasizes the requirement for V in such a composition in order to facilitate the
precipitation of fine and stable secondary MCathides for enhanced softening
resistance.

4.24  Tempered microstructure of LDED Fe55

The tempered microstructure of DI450°C is characterized by the presence of
primary carbides that are mainljlocated on the prior cellular boundaries(Figure
4-29).

Figure4-29 SEM micrographs of the LDED Fe55 a) BA50°C, b) DT-550°C, c) DT-650°C,
d) QT-450°C, e) QF550°C and f) QF650°C

By increasng the tempering temperature to 550°C, the RA on the cellular
boundariessignificantly decompossinto martensite. Traces of the primary carbides
are still evident in the microstructure anda small amount ofine secondary carbidg
within the martensiticmatrix can beobserved By further increasing the tempering
temperature to 650°C, cellular boundaries are replaced by an interconnected
network of carbides, which is another indication for the decomposition of RA, and
carbides precipitation within the martengic matrix is also evident(Figure 4-29c).
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Moreover, an evident coarsening of the carbides inside the martensitic matrix is
observedwhich is in line with the substantial drop in hardness. In the ©450°C,
the solidification structure is removed due to austenitization at high temperatsre
Tracesof primary carbideson prior cell boundariesare still evident(Figure 4-29d).
The microstructure of the -550°C seems very similar to that of TR450°C, no
significant change in the size of primary carbides is obseryedd precipitation of
the secondary carbides within the martensitic matrix imore evident(Figure4-29e).
The microstructure of the quenched and tempered specimen at 63D clearly
demonstrates coarsening of the secondary carbides within the martensite
substructure. Compaed to DT650°C the distribution of carbides is more
homogenous and no accumulation and network of carbideare formed (Figure

4-29c &f).

4.25 Impact Toughness

The results forCharpy impact tests at room temperature on the DT samplase

presented inFigure 4-30.

20 — T

T . . . T T 700
18 7}\
= L 650
) \\\\\\\\\\ "i\\
= e
o~ 141 — b /i/- ’
= I 600
5 12 e
3 ) 7
g 10 g — } \ L 550
5 ~
& 8- i \
i - \ k500
= 67+// \3
4 4
. L 450
, | —*— % Microhardness
—— 9% Impact ener;
0% T P T g.y T T T - 400
20 425 450 475 500 525 550 575

Tempering Temperature, (*C)

Microhardness, (HV1)

Figure4-30 CVN impact energy and hardness vs. tempering temperature for DT samples

The impact toughness for the asuilt sample was 5+1J at a hardness of 670+8 HV1.

Tempering at
was observedat 500 ¢ C

450e¢eC
(peak

softeningof the material At

ncreased

slighededinmp a c t

har denwhiclh is attebmtpdeto at ur e
martensite formation(higher hardness). By increasinthe tempering temperature
beyond the secondary hardening peakthe impact toughness increasedue to

5 7 5lgeCeacheési5.3s¢ J at ahardness level of

~500 HV1. These values are comparable and even superior to the recommended
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values for H13 according to NADCA (North American Die Casting Association)
under NADCA#207-2003(i.e. 10-13.5 J.cnt at 4446 HRCJ]192]. Even though the
tempering temperature to achieve 500 HV foreéb5 isconsiderablylower than that

of H13 (i ..&5°C,re5péchivelyHoweser, the greater toughness attained
at this degree of hardness enables the use of this alloy in applications that do not
require significant thermal softening resistance or which operate at slightly lower
temperatures, such as polymer injection molding dies and trimming dies.

eci mens t e mp ederaodstrated the5highestihpact toughness
Moreover, according to the tempering curve§igure4-28 Tempering curves for the
LDED Fe55 for the QT and DT schedulgsa similar hardness is obtainable by
tempering at this temperature for both scenarios. Thereforégp compare the
material's responsdo the two different heat treatmentstrategies two groups of
samples were tempered at 5 a@n8 th€results ar@@ T  a n
depicted inTable4-7. The results showed thaQT samples possessed slightly higher
impact toughness at fairly similar hardness values. Although it is noteworthy that
despite possessing inferior impact toughressparedo QT specimens, the toughness

of DT-575 ¢ C F e &@rhparabteto or even betterthan LAM H13 with similar
hardnessvalueg193], [194]

Table4-7 Hardness and CVN impact energy for DT and QT specimens temperedfat 575

Sample Hardness (HV1) CVN ImpactEnergy (J)
QT-575¢C 469+5 16.2+0.9
DT-575eC 478+7 148+1.9

Figure 4-31 presents the SEM micrograph of the fracture surfaces for the impact
toughness specimens.

50 pm : L AL RN
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Figure4-31 SEM micrographs for fracture surfacefsa) DT-5 75 e C a#Hd 5)C QT
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The predominant fracture mode exhibited by the samples is transgranular quasi
cleavagein nature, which is typical for martensitic steels tempered at high
temperatures [182]. The presence of dimples and microvoidalso evidenced
plastically deformed regions. The fracture surface tfie DT specimen clearly
demonstratesmore extensivecleavagesurfaces,which can be attributed tothe
formation of carbide networks atcellular boundaries upon tempering (sefigure
4-29) and can explain the lower impact toughness of these samples comparéukto
QT scenario.

4.2.6 Fracture toughness

Further investigations orthe effect of microstructure and heat treatment strategies
on the anisotropy of mechanical properties &e performed by canparing the
apparent fracture toughness of material in samples that contained a notch parallel
to the build direction (V) and samples that had a notch perpendicular to the BD(H),
as demonstrated irFigure 4-32a. All the specimens were tempered at58e C a n d
had a hardness 0f530 HV. Asdepicted byFigure4-32b, specimens with the notch
parallel to the BD (V) showed higher apparent fracture toughness than those with
the perpendicular notch. This can be attributed to the fact that in the BY and QT-

V, the crack propagatiorpath is perpendicular to the meltpool boundarieswvhich
might deviatefrom the crack pathand reduce its energyThis can be supported by
the fact that the difference in DTV and DT-H (110.21.3 vs. 100.1#3 MPa.ni?,
respectively) is more significant than for Q"M and QT-H (106.3:3.5vs 103.0+2.7
MPa.m2, respectively)

a) b) B2 ke

) Huxdness
120 sy T

550

500

Kapp (MPa.m'?)

Fe55_QT-H  FeS5_QI-V  FeS5 DT-H  FeS5_DT-V

Figure4-32 a)Schematic of specimens for FT test in two directions, and b) Kapp and hardness
for the QT and DT samples for the two directions.
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The fracture surfaces oDT specimens evidently show cleavage surfaces oriented
along the columnar grains aligned with the BDR{gure 4-33a& c), while this is not
evident in the QT samples due to more homogenized microstructure and
elimination of the solidification structures during austenitizationKigure4-33b& d).

@ 100um

Figure4-33 SEM micrographs of the fracture surfaces for FT specimens, a)FE55HDR)
FE55_QTH, c) FE55_DTV, d) FE55_QFV

In QT samples, the fracture surface indicates quakavage behavioralong with

high distribution of dimples on the fracture surfagewhile in DT samples the
fracture surface igoverned bymore bytransgranular quascleavagdacets with just
very limited and localizeddimples andmicrovoids (Figure 4-34).

Figure4-34 Higher magnification of fracture surfaces for a) QV and b)DT-V
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The difference betweerapparent fracture toughness for th@T and DT samples for
each direction is almost negligible. This might be explained in view of the
counteracting of the two éfects. Although it is expected that DT specimens
demonstrate inferior Kapp due to the norhomogeneous microstructure and
formation of carbides on cellular boundaries, on the other hand has been
demonstrated thafracture toughness has an inverse relationship with tigeain size
(Kic~dt) [195]. Therefore, thefiner microstructure of the DT specimens might
counteract the effect of carbide precipitation othe cellular boundariesand hence,
the Kappin the QT and DT specimens are almost similar.

4.2.7 Tempering resistance

The tempering behavior of the DT and QT samples soaked at 600°C are presented in
Figure 4-35a. A pair of specimens (i.e., (DT508YV, QT500HV), and (DT420HV,
QT420HV)), were tempered in a way to obtaithe same starting hardness. Samples
are tempered well above the secondahyar deni ng temperature
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Figure4-35a) tempering resistance for Fe55 as hardness vs. time, b) comparison of the
tempering resistance for Fe55 and H13

A substantial drop in hardness to4® HV after 5h is observed for both DT508HV
and QT500HV samples. This is attributed to a drop in dislocation density of the lath
martensite in the initial stages of the te$183], [196] This decline is less pronounced
for the samples withan initial hardness of~430. Thisis mainly due to the fact that
these samples havalready beentempered at higher temperaturesompared to
500HV specimens §80°C vs. 550°C, respectively), and therefore the decline in
dislocation density has already occurred for this sample at higher tempering
temperature. The rate of hardness drop after 5h up to 40h is almost identical for
both pairs of DT and QT samples for both hardness values. It can imply tivathis
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case,the governing softening mechanism in prolonged soaking times is mostly
related to the coarsening/transformation of the fine secondary carbidésother
reason is that unke for H13 since badb DT and QT had been tempered at similar
temperatures and therefore thér regponse to soaking at similar temperatuses
identical.

For a better comparison of the tempering resistance of H13 and Feb55jrthe
tempering hardnesdor the DT500 HV and DT420HV versus Tp are plotted in
Figure4-35h. Looking at the slope of the fitted lines, it is evident that H13 samples
systematically show a significantly higher tempering resistance compated-e55.
The first reason for this behavior can be related to the different secondary carbides
in these two alloys, where the main carbides in Fe55 are €ich M23Cs, while in
H13, we have a high amount of Mich MC carbides. Therefore, due to the
substantially highercoarsening rate of MsCe[189], the hardness decline in Fe55 is
more pronounced Another justification can be given in view of the initial
tempering temperature of the samples. In order to achieve harnesses of 500
and 430HV1, Fe55 samples were tempered at 550°C and 590°C, respectilrely.
comparison, these values for the H13 specimens wer825°C and 650°C
correspondingly.Therefore, in view of the higher initial tempering temperature of
the H13 samples, and consideringat this difference is more for the 5081V (where
the difference in the original tempering temperature is higherjt seems that the
initial tempering temperature has aubstantial contribution in tempering behavior

of the materials.

4.2.8 Conclusions

The tempering behavior of a recently utilized tool steel was investigated by applying
two different heat treatment strategies,

1 The L-DED Fe55 shows a cellular/dendritic structure and -asilt
microstructure comprised of martensite with- 10 vol.% of retained augnite at
interdendritic regions. The presence of some primary carbidiesRA regions
was also evidenced.

1 The asbuilt microhardness was 670+12 HV1, while for the quenched samples
(100GeC, 40min) this value increased to 730#3V1. This could be attributel to
the elimination and decomposition othe soft RA phase and its replacement
with quenched martensite.
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1 At similar hardness levels, the impact toughness of Bpecimens wasslightly
less thanQT, but it was still more thanthe values reported for LAM H13at
similar hardness levels.

1 The apparent fracturdaoughness of LDED Fe55 at a hardness-&50HV1 was
between 100110 MPa.n2, depending on the heat treatment strategy or the
sample orientation. The anisotropy was less pronounced in Q& specimens.

1 Direct tempering seems to be a suitable practice for LDED Fe55 since the
tempering behavior is very similar to QT sampleNo sigrificant difference was
evidenced betweerthe tempering resistance of th®T and QTsamples.

 Compared to H3 samples tempered to a similar hardneshe tempering
resistance of the Fe55 is inferior to that of H13. This was attributed to the
different carbide systems in the two alloys andhe difference in initial
tempering temperature.

Part 2 Carbonrfree MaragingTool Seels
4.3  Maraging steels

4.3.1  Microstructure and hardness of LDEDsprey® MAR-60HRC

The microstructure of the deposited aluilt samples comprises fine
cellular/dendritic features Figure4-36a).
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Figure4-36. a) LOM micrograph showing the overall microstructure of the LDEDsprey®

MAR-60HRC(Vilella's reagent), b) EBSD band contitasage, ¢) Corresponding phase map

overlaid by band contrast image, and corresponding EDS elemental map for d) Mo, €) Ni, f)
Fe, IPF maps of g) martensite, and h) RA

EBSD band contrast and phase maps revealed the presence of retained austenite
(RA) locaied in the intercellular regions (yellow arrows inFigure 4-36b and c).
Corresponding EDS maps evidenced a higher concentration of Mo and Ni and a
lower Fe content inthe intercellular areas igure 4-36d-f). Thermal undercooling
provides the driving force for dendrite/cell nucleation and growth The
microsegregation of alloying elements to the cell/dendrite boundaries occurs due to
solute partitioning in liquid and limited solidstate diffusion during fast
solidification, characteristic of lasebased AM processes such BBED [44]. The
micro-segregation of alloying elements at cell boundaries leads to the chemical
stabilization of RA in those areas [1]. Inverse pole figure (IPF) maps of martensite
(formed inside the prior austenite grains) and retained austenite along the build
direction are presented inFigure4-36g and h. It can be clearly noted that the crystal
orientation of the RA is related to the prior austenite grain orientation. The RA in
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